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ABSTRACT
This thesis focuses on how the properties of polymer thin films depend on the film
thickness and molecular weight (Mw). Previous studies of polystyrene (PS) films
coated on silica with Mw of 2.4 and 212 kg/mol found that the viscosity of the films
decreases with decreasing film thickness. A two-layer model assuming a 3 nm thick
mobile layer situated at the top surface of the film and hydrodynamically coupled
to a bulklike inner layer is able to describe the viscosity of the films. To better
understand the dynamics exhibited by the surface mobile layer, this work extends the
measurement to various other Mw up to 2316 kg/mol.
The result shows that the viscosity of the films also decreases with decreasing
film thickness and can be described by the same two-layer model. But there are
exceptional findings as well. Specifically, the viscosity of the high-Mw films (> 60
kg/mol) exhibit a M0w dependence, distinctly different from the M3.4w dependence
exhibited by the viscosity of the bulk polymer. Moreover, the surface chains in the
high-Mw films, as inferred from the two-layer model, are in an unphysically stretched
state. These observations led to the conjecture that the viscosity reduction in the
high-Mw films is due to a different mechanism from that in the lower Mw films which
is directly tied to the surface mobile layer as in the two-layer model.
To scrutinize this conjecture, viscosity measurement is extended to PS films doped
v
with Dioctyl phthalate (DOP). A previous experiment showed that the influence of
the surface on the overall dynamics in this system is likely to be much smaller than
in the undoped films. The measurement results are examined to determine, among
other things, whether the viscosity reduction relative to that in the undoped films is
weaker in the low-Mw than in the high-Mw regime.
vi
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Chapter 1
Introduction to polymer thin films
1.1 Overview of the problem and motivation
There are countless everyday life applications of polymers, especially in thin film
form. Wrappings, tapes, coatings on microchips are familiar examples. With the
advancement of science and technology, people are probing and working with thinner
and smaller objects more frequently, which necessitate the usage and study of thinner
polymer films. In many cases, the thickness of polymer film can be comparable to or
smaller than the typical size of its polymer chains. During the past two decades there
has been mounting evidences showing that many properties of polymer thin films are
not the same as the ones in bulk, especially when the film thickness is decreased to
under 100 nm, and becomes comparable to the radius of gyration of the polymer chain
(usually 2 to 50 nm). [3] [4] [7] One of the most important properties that has been
extensively studied about polymer thin films is the glass transition temperature, Tg.
The temperature which the materials undergo a transition if we cool them fast enough
from the liquid state, bypassing crystalization and supercooling to an amorphous
glassy state without significant structural change. During the cooling process the
kinetic energy of the molecules reduces significantly so that the molecules do not
have enough time to completely reach the equilibrium state under the experimental
1
2Liquid state 
 
 
Figure 1.1: Defining Tg by using the temperature dependent volume, V, or film
thickness, h.
time scale. For amorphous polymers, they typically freeze to a glassy state even
on slow cooling due to the poor molecular symmetry. Upon cooling past the Tg,
their viscosities rapidly rise to and exceed 1012 Pa· s. There are many methods to
measure the Tg. Basically, one observes the change in the physical properties of the
material under a certain rate of cooling [31] [32]. In crystals, the change of many
physical properties is discontinuous as they pass the melting point. For glass-forming
liquids, as they are cooled at a certain cooling rate, many physical properties change
continuously on passing the Tg. One common method used to determine the Tg is
the thermal expansion coefficient, as schematically shown in figure 1.1. The vertical
axis is the volume or the film thickness of the material if it is made into a film. The
horizontal axis is temperature. Curve ”Glassy state a” shows a glassy state induced
by cooling the material from a liquid state, the low-temperature asymptote of this
curve intersects with the liquid state line. The projection of this intersection onto
3the temperature axis gives the Tg−A. There is another similar curve ”Glassy state
B” which is the same cooling experiment performed at a lower cooling rate. The Tg
measured at a lower cooling rate is smaller than the Tg measured at a higher cooling
rate. Although the measured Tg is cooling rate dependent, the difference is not huge,
around < 5 Kelvins for an order of magnitude of change in the cooling rate [36]. So Tg
is still an important and reliable parameter for the glass forming material. The curve
”Crystal” is the thermal expansion curve in the crystal state for the material, Tm is the
melting point temperature. The extrapolation of the melt state curve intersect with
the ”Crystal” curve, the projection of the intersection onto the temperature axis is
called Kauzmann temperature [33], at which the entropy or the specific volume of this
supercooled liquid is supposed to be the same of the crystal state. The first study of
dynamics of glass forming liquids under confinement at nanoscale was carried out by
Jackson and McKenna [8]. They confined o-terphenyl controlled pore glasses (average
pore diameter 8.5 nm) treated with hexamethyldisilazane and found a decrease of Tg
of 8.8K. Later on, Reiter found that polystyrene films deposited on glass substrates
dewet at temperatures below bulk Tg, when the film thickness is smaller than 8 nm.
This has provided evidence that the glass transition temperatures of polymer thin
films can be smaller than the bulk Tg. A more systematic work was done by Keddie
and coworkers [9] [10], they measured the Tg of polystyrene (PS) films cast on silicon
as a function of film thickness, h. As shown in figure 1.2, the Tg is independent of
the molecular weight, Mw, of the polymer (120K to 2900K g/mol) in the Tg vs. h
dependence. As the solid curve in the graph shows, the data for Tg(h) was found to
empirically fit the following equation:
Tg(h) = Tg(∞)[1− (δ/h)υ], (1.1)
where υ is a constant between 0.56 and 1. These researchers hypothesized that this
phenomenon could result from a low density, highly mobile layer at the free surface
of the film having an intrinsic thickness of δ that diverges like (1− T/Tg(∞))−1/υ as
4Figure 1.2: Tg (K) vs. film thickness (nm) of PS supported on silicon with different
molecular weights, Mw of 120 Kg/mol (circles), 500.8 Kg/mol (triangles) and 2,900
Kg/mol (diamonds). [9]
the temperature approaches the bulk Tg from below. As a result, thinner films can
be filled with the mobile layer and melt at a lower temperature. Besides a decrease of
Tg, they also observed an increase of Tg result [9] [10] in poly(methyl methacrylate)
(PMMA) films deposited on silicon covered by a native oxide layer. Similar results
were also reported for poly(2-vinyl pyridine) on acid cleaned silicon oxide [12]. While
the Tg of polymer films has been found to both decrease and increase with decreasing
film thickness, the former has drawn more attention because it has a bigger effect
and is counter-intuitive: in the presence of a solid substrate, a reduction of the film
thickness can decrease the configurational space available for the polymers to perform
translational motions, in addition, the frictional forces between the polymer and the
substrate will hinder the motion of the polymer chains. Either effect will likely to
cause an increase of Tg. On the other hand, relaxation of constraint to the molecular
motion at the polymer free surface will enhance the mobility. The overall dynamics of
5the film, hence the Tg, should be the result of the total effect of all the factors. There
has long been a debate on the causes of the Tg anomaly in polymer thin films, a layer
model is one of the earliest models proposed to explain these observations, and by
far the most accepted for the thickness dependence of the Tg of polymer films. The
model assumes that the molecular motions near the polymer-air interface are much
faster than those in the bulk polymer, which can be due to segregation of chain ends
to the surface [17] [18] or a reduction in the chain entanglement near the polymer
free surface [19]. On the other hand, the molecular motion at the polymer substrate
interface can be faster or slower than in the bulk configuration, depending on how
strong or what the type of the interaction between the polymer and the substrate is.
The Tg of a film is a result from the comprehensive effects of the two interfaces. As
early as in Keddie’s papers [9] [10], they suggested a mobile layer that exist below bulk
Tg, and the thickness of this mobile layer diverges according to (1 − T/Tg(∞))−1/υ
and the film will be filled with the mobile layer and melt at a lower temperature
compared to bulk Tg. Herminghaus and co-workers [24] [25] proposed that the Tg
of the films is determined by the fastest surface capillary mode that can penetrate
the whole film. As the film thickness decreases, the required wave vector, and hence
the relaxation rate of the fastest mode, increases. So, thinner films require a lower
temperature to melt. However, To fit the Tg(h) data, the model still requires the
existence of a critically thickening surface mobile layer.
1.2 Previous studies in studying local dynamics of
polymer thin films
The layer model has inspired many researchers to design experiments to research for
such existence. Tsui and coworkers [37] measured the Tg of thin films made with
polystyrene terminated with low energy groups on both chain ends. By comparing
the Tg of the films made with polystyrene terminated with different groups they are
6able to tune the energy of the ends of the polymer chains. This work shows that
the near free surface region are filled with low energy chain end groups and the
mobility of the free surface are much enhanced, which provided the evidence for the
dynamical enhancement coming from the free surface of the polymer thin film. There
are also experiments designed to examine the effect of the free surface in alternate
methods. Forrest and coworkers [38] first spin cast two separate polystyrene films
of thickness of h/2 onto two different substrates, one is silicon substrate coated by
native oxide layer, another is crystal sodium chloride (NaCl). They merge the two
films together by facing the two free surfaces together, then they rinse off the NaCl
substrate by dissolving it in deionized water. The final film is of the thickness h
and it is annealed at 403 K, which is 34 K above bulk Tg, for 8 hours, so that the
two films will merge together as one. The advantage of this treatment is that the
existence of the free surface can be tuned. The figure 1.3 in the reference [38] shows
the Tg of the polymer thin films with and without a free surface by either keeping
or removing the NaCl cap of the silicon supported film. There are also many other
experimental approaches to cross check with the layer models. By measuring the
temperature dependence of fluorescence emission from a chromophore doped in a
narrow layer inside PS films coated on silicon, Ellison and co-workers [20] determined
the local Tg at various depths of the films. They found that the local Tg at the free
surface was at least 14 K below Tg(bulk), and increased towards the substrate. Peter
and co-worders [21] suggested that the thin film Tg might be the algebraic average of
the local TgâĂŹs, and proposed an Ansatz for Tg(z) that could match the measured
thickness dependence, Tg(h). As the polymer thin films have two interfaces, so there
are also experiments done on the other interface: polymer-substrate interface. Nealey
and coworkers [39] studied the Tg of thin polystyrene and poly(methyl methacrylate)
films and how it is affected by the differences in the polymer-substrate interfaces. In
their work, the Tg of both the PS and the PMMA films were found to deviate from
the bulk Tg according to a linear relationship with the polymer-substrate interaction
7 
Figure 1.3: Tg (K) vs. film thickness (nm) of PS supported on silicon coated by native
oxide. Hollow symbols are the data for the capped film, filled symbols are the data
for the un-capped films.
energy at a given thickness. Also, depending on the polymer-substrate interaction
energy, the deviation of the Tg could be either positive or negative. Furthermore, it
was found that the deviation of the Tg is more pronounced for thinner films, which
is in line with the previous findings. Despite the diverse experimental approaches
in studying thin film dynamics, they all more or less point out the importance of
studying the interfaces, especially the free surface for the Tg reduction. On the other
hand, the different views for the mechanism of the Tg anomaly, can all give a good fit
of the observed Tg(h) by adopting a set of appropriately chosen fitting parameters.
Therefore, the actual mechanism for the Tg anomaly observed in polymer thin films
is still ambiguous. Hence, additional measurements besides Tg(h) must be made,
such as the measurements of other physical properties of polymer thin films, in order
8Figure 1.4: N styrene polymerize into a polystyrene molecule.
to provide more experimental evidences and different perspectives, to distinguish a
prevailing mechanism. In the following section I will introduce the characteristic
properties of the polymers.
1.3 Characterization of basic polymer properties
1.3.1 Molecular weight of polymer
Macromolecules or polymers are formed by covalently bonded chemical repeating
units, called monomers. The process, in which monomers are covalently bonded to-
gether to form the entire polymer, is called polymerization. The number of monomers
in a polymer molecule is called the degree of polymerization N. A conventional way to
describe the mass of a polymer chain is the molar mass. An example of linear poly-
mer is shown in figure 1.4, where N styrene monomers polymerize into a polystyrene
molecule, forming a chain-like structure. A related measure of the mass is the poly-
mer molecular weight [1]. For most polymer samples, the molecular weight displays
a distribution, which is usually described by the polydispersity index. Suppose in
a given polymer sample, the number fraction of the polymer chains with degree of
polymerization N is nN . We define MN to be the molar mass of the polymer chains
with N monomers. We define the weight fraction, wN of the polymer chains with
molar masss MN as following:
wN =
nNMN∑
N nNMN
= nNN∑
N nNN
. (1.2)
9The summation∑N is a shorthand notation for a sum over all possible values of N (i.e.∑∞
N=1). The weight fraction wN is related to the mass concentrations of various species
(cN is the mass of the polymer molecules with degree of polymerization N per unit
volume)
wN =
cN
c
, (1.3)
where c is the total mass concentration. It is useful to define the kth moment of the
number fraction distribution as the sum of the products of the number fraction nN
of molecules with the degree of polymerization N and their molar mass to the kth
power:
mk =
∑
N
nNM
k
N . (1.4)
We can see that the zeroth (k = 0) moment is equal to unity because the number
fraction distribution is normalized:
m0 =
∑
N
nN = 1. (1.5)
In order to characterize the molar mass distribution, several average molar masses are
defined which emphasize different aspects of this distribution. The number-average
molar mass Mn is defined as the ratio of the first (k = 1) to zeroth (k = 0) moments
of the number fraction distribution:
Mn ≡ m1
m0
=
∑
N nNMN∑
N nN
=
∑
N
nNMN . (1.6)
The ratio of the molar mass of a polymer with N monomers and the number-average
molar mass Mn relates the number fraction and weight fraction of molecules:
wN =
MN
Mn
nN =
N
Nn
nN . (1.7)
Here we introduce the number-average degree of polymerization Nn ≡ MnMmon , where
Mmon means the molar mass of a monomer. The number-average is the quantity that
is directly controlled by polymerization chemistry. The total number density of chains
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is the sum of the number density of polymers of all kinds of degree of polymerization:
cNAv
Mn
=
∑
N
cNNAv
MN
, (1.8)
in here NAv is the Avogadro constant. Solving for Mn gives an alternative expression
for calculating the number average molar mass:
Mn =
c∑
N
cN
MN
= 1∑
N
wN
MN
(1.9)
For strictly linear polymers, each chain has exactly two ends, so the number-average
molar mass can be measured by counting end groups using spectroscopy. However,
many polymer properties are controlled by the longer chains in the molar mass dis-
tribution, so it is sometimes more useful to make higher-order averages. The weight-
average molar mass is the ratio of the second and the first moments of the number
fraction distribution:
Mw ≡ m2
m1
=
∑
N nNM
2
N∑
N nNMN
=
∑
N nNM
2
N
Mn
=
∑
N
wNMN =
∑
N
cN
c
MN . (1.10)
The last set of relations was obtained using the connection between weight and num-
ber fractions [Eq. (1.3) and Eq. (1.7)]. To understand the weight-average, we consider
a mixture of polymer sample, and we randomly select a polymer molecule and mea-
sure its molar mass, and we put it back and mix the sample uniformly and then
select another molecule and measure its molar mass, then we repeat this procedure
for many times. The essence of this method is that the probability of picking out a
particular polymer molecule is proportional to its length (which is proportional to its
molar mass), since each section of the molecular string has the same probability of
being selected. The polydispersity index is defined as the ratio of the weight-average
and number-average molar masses Mw/Mn, mono-dispersed sample with Mw = Mn
have polydispersity index Mw = Mn of 1. Larger polydispersity index correspond
to a sample with broader molar mass distributions, while small polydispersity index
corresponds to a sample with narrow molar mass distributions. In the experiments of
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this thesis, polymers of small polydispersity indexes (usually < 1.1) are often used,
as some properties of polymer thin films measured in the experiments are highly
dependent on the molecular weight.
1.3.2 Conformation of an ideal linear chain
Ideal chains are defined as the polymer chains with no interactions between monomers
that are far apart along the chain, even if they approach each other in space. Real
polymer chains interact with themselves in solutions. The relative strength of the in-
teraction determines whether the monomers effectively attract or repel other monomers.
There are only a few situations in which chains are ideal. In a solution, at a spe-
cial intermediate temperature, called the θ-temperature, chains are in nearly ideal
conformations because the attractive and the repulsive parts of monomer-monomer
interactions cancel each other [1]. Even more importantly, linear polymer melts and
concentrated solutions have practically ideal chain conformations because the inter-
actions between monomers are almost completely screened by surrounding chains. It
is plausible to describe the conformation of an ideal, linear polymer chain which has
the degree of polymerization N, as a random walk of steps N, where N in here stands
for the number of the freely jointed segments in the chain. Using −→ri to denote the
vectors of each bond in the chain, the end-to-end vector is
−→
Rn =
n∑
i=1
−→ri . (1.11)
Different individual chains will have different bond vectors and hence different end-to-
end vectors. In a polymer sample, since the number of molecules is large, it is useful
to discuss the average properties of the sample. For example, the average end-to-end
vector of an isotropic collection of chains of n backbone atoms is zero:
〈−→Rn〉 = 0. (1.12)
The ensemble average 〈〉 denotes an average over all possible states of the system,
which corresponds to an ensemble of chains of n bonds with all possible bond orien-
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Figure 1.5: Conformation of a flexible chain.
tations. The average end-to-end vector is zero, since there is no preferred direction
in the ensemble. Now let’s consider the mean-square end-to-end distance:
〈R2〉 ≡ 〈−→R2n〉 = 〈
−→
Rn · −→Rn〉 = 〈(
n∑
i=1
−→ri ) · (
n∑
j=1
−→rj )〉 =
n∑
i=1
n∑
j=1
〈−→ri · −→rj 〉 (1.13)
If all bond vectors have the same length l ≡ |−→ri |, the scalar product can be represented
in terms of the angle θij between bond vectors −→ri and −→rj as shown in figure 1.5:
−→ri · −→rj = l2 cos θij (1.14)
The mean square end to end distance then becomes
〈R2〉 = l2
n∑
i=1
n∑
j=1
〈cos θij〉 (1.15)
As one of the simplest models of an ideal polymer is the freely jointed chain model
with a constant bond length l = |−→ri | and no correlations between the directions of
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different bond vectors, therefore 〈cos θij〉 = 0 for i 6= j. For i = j, cos θij = 1, so for
infinitely large n,
〈R2〉 = nl2. (1.16)
In a typical polymer chain, the correlation between bond vectors decreases as they
separate apart in the positions on the chain, and usually 〈cos θij〉 6= 0 for i 6= j. To
account for the real polymers, one may consider the interactions of the polymers with
the solutions and themselves. In general, C ′i is used to denote this term:
C
′
i ≡
n∑
j=1
〈cos θij〉. (1.17)
Equation 1.15 can be rewritten as:
〈R2〉 = l2
n∑
i=1
n∑
j=1
〈cos θij〉 = l2
n∑
i=1
C
′
i = Cnnl2. (1.18)
In here, the coefficient Cn, called Flory’s characteristic ratio, is the average value of
the constant C ′i over all main-chain bonds of the polymer:
Cn =
1
n
n∑
i=1
C
′
i . (1.19)
The main property of ideal chains is that 〈R2〉 is proportional to the product of the
number of bonds and the square of the bond length l2. In the models of ideal polymers
the steric hindrance are ignored between monomers that are far away. As a result,
the characteristic ratio will saturate at a finite value when n → ∞. So the mean
square end-to-end distance can be approximated by
〈R2〉 ∼= C∞nl2. (1.20)
Flexible polymers have universal properties that are independent of the local chemical
structures. A simple unified description of all ideal polymer chains is equivalently
freely jointed chain. The chain has the same mean square end to end distance and
the same maximum end-to-end distance as the actual polymer, but has n freely jointed
effective bonds of length b. The effective bond length b is called the Kuhn length.
For example, for Atactic polystyrene, Cn = 9.5, Kuhn length is 1.8 nm.
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1.3.3 Radius of gyration
Radius of gyration is also a quantity often used to describe the size of a polymer
molecule. The square of the radius of gyration is defined as the average square
distance between monomers in a given conformation (−→Ri) and the polymer’s center
of mass (−−→Rcm)
R2g ≡
1
N
N∑
i=1
(−→Ri −−−→Rcm)2 (1.21)
In the case of an ideal linear chain, we assume all the monomers to have the same
mass so we can write the vector for the center of mass as:
−−→
Rcm ≡ 1
N
N∑
j=1
−→
Rj (1.22)
Substituting this equation into equation 1.21, one can show that
〈R2g〉 =
〈R2〉
6 (1.23)
where R is the end to end distance of the linear chain.
1.4 Dynamical properties of polymers
1.4.1 Free energy of an ideal chain
The entropy S of a system is defined as the logarithm of the number of the states Ω
times the Boltzmann constant k:
S = k ln Ω (1.24)
For a freely jointed chain, −→R denotes the end-to-end vector, N for the number of
monomers. Then the number of states Ω and entropy is a function of −→R , N and
temperature T . One can show that [1]
S(N,−→R, T ) = −32k
−→
R 2
Nb2
+ S(N, 0, T ). (1.25)
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The Helmholtz free energy of a chain F is the energy U minus the product of the
absolute temperature T and entropy:
F (N,−→R, T ) = U(N,−→R, T )− TS(N,−→R, T ). (1.26)
In the case of an ideal chain, there is no interaction between monomers, hence
U(N,−→R, T ) is independent of −→R . We can write the free energy as
F (N,−→R, T ) = 32kT
−→
R
2
Nb2
+ F (N, 0, T ), (1.27)
where F (N, 0, T ) = U(N, 0, T )−TS(N, 0, T ) is the free energy of the chain with both
ends at the same location.
1.4.2 Chain stretching
From the equations above one can show that with an increase in the end-to-end
distance from the equilibrium value, the entropy of the chain will decrease, while the
free energy will increases. Both changes are proportional (with different coefficients)
to the square of the end to end distance of the chain. As a Hook’s law analogy for an
ideal chain, if a force were applied to stretch the chain by holding the two ends. The
force is going to be
−→
f = ∂F (N,
−→
R, T )
∂
−→
R
= 3kT
Nb2
−→
R. (1.28)
The force is proportional to the end to end vector, the coefficient, 3kT
Nb2 , is the entropic
spring constant of an ideal chain. We can see that it is easier to stretch a chain with
larger N , large b, and at a lower T . The characteristic of this behaviour is called
entropic elasticity, which differentiate polymers from other materials.
1.4.3 Unentangled polymers
Rouse Model: Rouse has first successfully developed a molecular model to describe
polymer dynamics. In this model, the chain is considered as N beads connected by
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springs of root mean square size b, the beads only interact with each other through the
connecting springs. The friction on each bead is associated with the friction coefficient
ζ. In the presence of solvent, the solvent is assumed to be freely draining through
the chain. The total friction coefficient of the Rouse chain is ζR = Nζ. The viscous
friction force on the chain is −→f = −Nζ−→v , where −→v is the velocity of the chain. The
diffusion coefficient of the Rouse chain is obtained from the Einstein relation [1],
DR =
kT
ζR
= kT
Nζ
, (1.29)
Rouse time, τR is a characteristic time used to describe the time for a polymer chain
to diffuse a distance of the order of its size:
τR ≈ R
2
DR
≈ R
2
kT/(Nζ) =
ζ
kT
NR2. (1.30)
For an ideal chain, R ≈ bN1/2, so τR ≈ ζb2kT N2. Relaxation modes: The relaxation
of the chain have N different relaxation modes, which are numbered by the index
p = 1, 2, 3, ..., N . Mode p corresponds to the coherent motion of the chain with N/p
monomers, the corresponding relaxation time is τp. As polymer has a self-similar
nature, a section of polymer chain with p monomers acts like a whole chain with p
monomers. The relaxation time of the pth mode is
τp ≈ ζb
2
kT
(N/p)2. (1.31)
From this we can see that higher index modes, involves fewer monomers, relaxes faster
than lower index modes. For example, the index p = 1 corresponds to the longest
relaxation time, which is the relaxation mode of the entire chain. At time t = τp, the
number of un-relaxed modes equals to mode index p. When considering a polymer
liquid subject to a unit step strain at time t = 0, according to equipartition principle,
each degree of freedom associates with kT/2 of free energy, therefore immediately
after the strain, the entire chain stores elastic energy of the order NkT , since it has
N independent modes. For each of the un-relaxed modes (at time t = τp), they
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contribute the energy of the order kT to the stress modulus. The stress modulus for
mode p is then proportional to the thermal energy kT and the number density of
sections with N/p monomers (in the case of polymer melts, is 1/(b3N/p)):
G(τp) ≈ kT p
b3N
. (1.32)
Combining equations 1.31 with 1.32, and use τ0 to denote ζb
2
kT
, one can approximate
that at time t, stress modulus is:
G(t) ≈ kT
b3
(t/τ0)−1/2 (τ0 < t < τR). (1.33)
Considering the stress relaxation modulus exponentially decay [1] with time, the stress
modulus of this Rouse model can be further approximated to be
G(t) ≈ kT
b3
(t/τ0)−1/2 exp(−t/τR) (t > τ0). (1.34)
The viscosity of the Rouse model is obtained by integrating G(t) [1]:
η =
∫ ∞
0
G(t)dt ≈ kT
b3
∫ ∞
0
(t/τ0)−1/2 exp(−t/τR)dt ≈ ζ
b
N. (1.35)
The Rouse model applies to the melts of short unentangled chains, and in this case the
viscosity is proportional to the number of monomers in the chain. Rouse has solved
for the the exact viscosity for the unentangled polymer chains, where the viscosity
for unentangled polymer melt is
η = ζ36bN. (1.36)
1.4.4 Entangled polymers
As the number of monomers increase in the polymer chain, the molecular weight
increases, so does the topological hindrance posed by the neighbouring chains. For a
given kind of monomers, when the number of monomers of a polymer chains becomes
bigger than a certain value, the chains will be significantly entangled and display more
complicated behaviours. For polystyrene (PS), the entanglement molecular weight is
19.1 Kg/mol [26].
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Figure 1.6: Reptation of a chain along its contour.
Reptation model
Understanding the motion of a polymer in the melt seems difficult since it is a complex
many-body problem. The most effective way of thinking of this problem is by adopting
the concept of tube models. The simplest tube model was proposed by de Gennes in
1971 to describe the motion of linear entangled polymers [1]. The model is called the
reptation model. It assumes the chain motion to be restricted in a tube-like region,
in which the chain diffuses along the confining tube in a way analogous to the motion
of a snake or a worm. The motion of the chain consists of the diffusion of small loops
along the contour of the primitive path, as shown in figure 1.6. We consider the chain
to consist of many small blobs [1], in which the Kuhn segments do not feel the effect of
the entanglement, and the movement of the small loops along the primitive path can
be characterized by the Rouse friction coefficient Nζ. Define a diffusion coefficient
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Dc to characterize the motion along the chain:
Dc =
kT
Nζ
. (1.37)
One can show that the average length of a tube is
〈L〉 ≈ bN√
Ne
. (1.38)
In here, Ne means the number of Kuhn monomers in a strand of size equal to the
diameter of the tube. The time it takes the chain to diffuse out of its original tube
of average length 〈L〉 is called reptation time:
τrep ≈ 〈L〉
2
Dc
≈ ζ
b
2
kT
N3
Ne
. (1.39)
Therefore the reptation time is predicated to be proportional to the cube of the
molar mass or the number of Kuhn monomers on a chain. The experiments actually
measured the power exponent to be bigger than 3 [28] [29] [1]:
τ ∼M3.4. (1.40)
This disagreement could be due to tube length fluctuations. As the displacement
of monomers at the two ends of the tube are unrelated to each other at a time
scale shorter than the Rouse time of the chain (τR) [1], the incoherent curvilinear
displacements lead to the tube length fluctuations. Doi was the first to point out
that the decrease of tube length due to the length fluctuation will lead to partial
relaxation of stress. He has proposed a model to calculate the the stress modulus
in the polymer, called the Doi fluctuation model. And he has estimated the effect
of the tube length fluctuations [27], found that η ∼ N3.4 over a reasonable range of
molar masses, which agrees with both the experimental and the simulation data for
M > 10Me.
Viscoelastic dynamics
One distinct property of entangled polymer is that during a stress relaxation, at a
wide range of time (or frequency) the modulus is almost a constant. In analogy with
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cross-linked rubbers, this region is referred to as the rubbery plateau. As will be
introduced later in this sub-chapter, the motion for the chain is confined in a tube,
that is due to the constraints of the surrounding polymers. The diameter of the tube
is interpreted as the end to end distance of an entanglement strand of Ne monomers:
a ≈ bN1/2e . (1.41)
The entanglement strand has a molar mass of Me = NeM0, where M0 is the mass of
a monomer. The entanglement strand effectively determines the modulus of highly
entangled polymers [1]:
Ge =
ρRT
Me
, (1.42)
in here ρ means the melt density, R is the gas constant. The modulus is referred to
as the plateau modulus Ge. Thinking in the length scales that are smaller than the
tube diameter, topological interactions are unimportant and the dynamics are similar
to those in the unentangled polymers, which can be described by the Rouse model.
The entanglement strand of Ne monomers relaxes by Rouse motion with relaxation
time τe:
τe = τ0N2e . (1.43)
At the Rouse time (τe)of an entanglement strand, the chain starts to feel the topo-
logical hindrance from the surrounding chains. Free Rouse motion of the chain is not
allowed, and the value of the stress modulus at τe is the plateau modulus Ge, which
is kT per entanglement strand [1]:
Ge = G(τe) =
kT
v0Ne
, (1.44)
in here v0 means the Kuhn monomer volume. In 1978 Doi and Edwards have calcu-
lated the stress modulus G(t) by solving the first-passage problem for the diffusion
of a chain in a tube [27]
G(t) = 8
pi2
Ge
∑
odd p
1
p2
exp(− p
2t
τrep
). (1.45)
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Here the longest relaxation time in this model is the repatation time required for the
chain to diffuse out of its original tube
τrep = 6τe(
N
Ne
)3. (1.46)
The viscosity of an entangled polymer is determined by integrating equation 1.45:
η =
∫ ∞
0
G(g)dt = 8
pi2
Ge
∑
odd p
1
p2
∫ ∞
0
exp(− p
2t
τrep
)dt = pi
2
12Geτrep. (1.47)
The scaling argument of viscosity [1] predicts that viscosity is the basically the product
of the plateau modulus and reptation time:
η ≈ Geτrep ≈ Geτe( N
Ne
)3. (1.48)
Combining the Rouse model and the reptation model for the prediction of viscosity,
we get
η ∼M for M < Me; η ∼M3for M > Me. (1.49)
As has been discussed in the previous sub-chapter, the deviation of the power expo-
nent for the entangled polymers could be due to the tube length fluctuation. The
deviation of the power exponent for the low molecular weight polymers (mostly in the
unentangled regime) could be explained by the free volume theory [30]. The concept
of free volume can be understood as the accessible volume to the molecules. The
free volume varies from system to system, and it is dependent on the temperature,
pressure, molecular interactions, material density, etcetera. In general, free volume
can be expressed in this way:
vf (T ) = v(T )− v0, (1.50)
where vf (T ) is the free volume per unit mass, v(T ) is the specific volume, and v0 is the
volume occupied by the molecules at the absolute temperature zero. It was assumed
that free volume increases linearly with temperature above Tg (will be defined in
sub-chapter ??), which can be described as
f(T ) = f(Tg) + α(T − Tg), (1.51)
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in here α is the thermal expansion coefficient of the free volume. In the free volume
description, the viscosity relates to the free volume in this form:
η = a exp( b
f(T )), (1.52)
in here a and b are constants and f(T ) = vf/v is the fractional free volume. This
description works for most of the polymers.
Chapter 2
Experimental techniques and data
processing
2.1 Preparation of polymer thin films
2.1.1 Polymer samples
Narrow distribution Polystyrenes (PS) were purchased from Scientific Polymer Prod-
ucts Inc. (Ontario, NY) and Polymer Source Inc. (Dorval, Quebec). The weight-
averaged molecular weights of the polystyrenes range from 2.4 kg/mol to 6500 kg/mol,
and the polydispersity-indexes of those polystyrene are usually smaller than 1.1, as
shown in the table2.1.
2.1.2 Substrates
The thickness of the films being studied in this work is in nanometer range, so it is
important to maintain a smooth and flat surface for the polymer-substrate interface.
The films are prepared on two kinds of substrates, both are single crystal silicon
purchased from Siltronix (France), with a crystal orientation of along 〈001〉. One
kind of the substrates has a native oxide layer (2 − 3 nm) on top of the silicon.
The other kind has a ∼ 103 ± 3 nm thick silicon oxide on top of silicon. Both are
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Mw(g/mol) Polydispersity − index
2460 1.01
6400 1.05
13700 1.10
24700 1.03
44100 1.07
60500 1.07
115700 1.04
212400 1.08
393400 1.16
940000 1.01
2316000 1.02
6500000 1.2
Table 2.1: The polydispersity-index of the polystyrene samples.
polished with a ∼ 0.1 nm roughness. Before the substrates are used, they are cut
into squares of ∼ 1 × 1 cm2, sonicated in deionized water for 15 minutes. Then the
substrate is immersed into a piranha solution, which is a mixed solution of sulphuric
acid and hydrogen peroxide in 7:3 volume ratio and heated at a temperature of
90oC for 20 minutes. This removes the organic contamination on the substrates and
leave the substrate covered with Si-OH groups [40]. After that the substrates are
rinsed thoroughly with excessive amount of deionized water, then blown try with
99.99% nitrogen. The process of rinsing must be repeated many times in order to
make sure that there is not any trace of residual acid left on the substrates. Then
the substrates are exposed to oxygen plasma for 20 minutes to remove any possible
inorganic contamination on the surface and produce a uniform oxide layer. Sometimes
for the purpose of the experiments we require the substrate to have no oxide layer on
it. In this case, we start with the silicon coated by a native oxide layer. After the
piranha solution cleaning process, we rinse the substrates thoroughly with deionized
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water then immerse them in a 2% hydrogen fluoride (HF) water solution for about 5
minutes and blow them dry with 99.99% nitrogen. This will remove the native oxide
layer on the substrates and leave a hydrogen passivated silicon substrate (H-Si) [46].
2.1.3 Preparation of supported polymer thin films
Polymer solution
All the polymers are dissolved in toluene. The utilities are pre-cleaned prior to use.
The vials and pipettes are soaked in detergent and then sonicated and thoroughly
rinsed using deionized water. After cleaning they are placed in the oven at 175 oC
for 24 hours to dry. The weight percentage concentration of the polymer solution is
usually between 0.1% to 3%, after the polymer is fully dissolved in the toluene, the
solution is filtered through a filter with a hole diameter of 0.1 µm in order to produce
clean solution. Besides polystyrene films, we also study polystyrene films doped with
dioctyl phthalate (DOP). For these films we use solutions mixed with DOP. DOP is a
colourless or slightly yellow transparent oily liquid, which can be dissolved in toluene.
Spin coating
Spin coating is one of the mostly used techniques in preparing polymer thin films
[41]. We choose this method because it can produce very flat and smooth polymer
thin films. In this method, we mount the pre-cleaned substrate on the spin coater
which uses vacuum to anchor the substrate, then use a pipette to drop the polymer
solution onto the substrate, the amount of the solution should be enough to cover the
entire substrate surface. The spinning speed is typically 2000 to 5000 revolutions per
minutes (rpm), the whole spinning process lasts for 30 seconds. As the substrate spins
at a high speed, the solution quickly vaporizes, vitrifies in seconds and leaves a uniform
film on top of the substrate. The film final thickness depends on a combination of the
solution concentration, spinning speed and molecular weight of the polystyrene [42].
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In this work, we control the film thickness mainly through the concentration of the
solution. For example, toluene solution with a 0.1 wt% of polystyrene (with various
Mw between 2.4 and 6500 kg/mol) can all produce 3 nm films at the afore-quoted
spinning speeds. In practice, the spinning speed should not be too small (< 1200
rpm), or the resultant film surface may be too rough (roughness > 1 nm). But it
also should not be too high. When the spinning speed is above 5000 rpm, further
increasing the spinning speed basically will not change the thickness of the as-cast
film. In order to produce uniform and flat samples, it is important to stick to the
following protocols: when dropping the polymer solution onto the substrate prior to
spin coating, one should try to make the solution cover the entire substrate quickly
(< 2 seconds), otherwise the quick evaporation of the solution that covers the partial
substrate will become dense and that area of the substrate tend to produce non-
uniform film; there should be no air bubble left in the solution on top of the substrate
before spin coating, as the bubbles severely damage the process of film forming.
The fume hood within which the spin coating takes place should not have large air
flow fluctuations, which may affect the evaporation of the solution on the substrate
and make the as-cast film non-uniform. During the preparation of films with high
molecular weights (> 1000 kg/mol), it is often useful to sonicate the solutions for 5
minutes prior to use, especially for high concentration solutions (> 0.7%), since in
such cases the solution may become non-uniform after sitting at room temperature
for even just a few hours. The top portion of the solution is sometimes observed to
be less dense than the bottom portion. After the films are prepared, they are kept at
room temperature for more than 5 hours to get rid of the residual toluene inside the
as-cast film.
2.1.4 Preparation of free-standing film
Free-standing film also requires a substrate to begin with. In this experiment, mica
is used, which is purchased from TED PELLA Inc.. Mica has a property of basal
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cleavage, a tendency to split along definite crystallographic structural planes. The
size of the mica substrate is around 1.5 cm × 1.5 cm × 0.3 mm. The preparation of
the mica substrate is easier compared to the silicon substrates, because the surface
we use is an atomic plane, instead of cleaning it, all we do is to peel off the layer
above and expose the layer underneath. A mica substrate is a layered structure and
ideally it can be separated into many sub-layers, in practice the top layer we are
able to peel off is usually around 0.03 mm thick. After peeling off the top layer, the
remaining substrate is almost atomically clean and flat, this will be the substrate used
to support the film. One can spin coat the polymer solution onto the mica surface as
one would do on a silicon substrate. The polymer film is then floated onto deionized
water and becomes a free-standing film following the procedure of Reference [43]. It is
then and scooped from below or above by a device or a substrate. By this technique,
one can transfer the free-standing polymer film onto any other kind of substrates
or support. In this work, we scoop the films onto transmission electron microscopy
(TEM) grids, purchased from Veco Specimen Grids. The material for the grids is
Nickel (Ni). There are two specifications of the grids, one has 30 µm × 30 µm square
holes and the boundaries of the holes are 33 µm in width, the other has 85 µm × 85
µm square holes and the bars separating the holes are 40 µm in width. Since there
are holes in the grid, the films that are on top of the holes are free-standing [44]. It
is necessary to point out that after the film is transferred onto the grid, it is kept at
room temperature for 5 hours, which is to dry the film and get rid of any residual
water on the grid.
2.2 Ellipsometry measurement of the films thick-
ness
Film thickness is one of the critical parameters for our experiments, therefore it is
crucial that we measure the film thickness accurately. One way we could measure
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the film thickness is to use a very sharp blade or needle to scratch the substrate
supported film and measure the depth of the scratch [46]. This method is not only
time consuming, is also destructive to the film. Ellipsometry, on the other hand, is a
fast and non-destructive method of measuring the film thickness along with the other
optical properties [45], although in this thesis, only the film thickness measurement
will be carried out. To briefly illustrate the working mechanism of ellipsometry, we
first consider a linearly polarized incident light, as it is being reflected from a dielec-
tric interface (such as the air-polymer interface or the polymer-substrate interface),
there will be a change in the polarization state of the reflected light, which will be
captured by a photo-detector equipped with an analyser. Figure 2.1 shows a typical
experimental set up for an ellipsometry measurement. The incident light is linearly
polarized with complex components Eip (p- component) and Eis (s- component) in
the directions parallel and perpendicular to the plane of incidence of the light. After
reflection, the s- and p- components of the light experience different attenuation and
phase shift, which can be attributed to Fresnel equations, derived from Maxwell’s
equations of electrodynamics. The reflected light becomes elliptically polarized and
can be captured by the ellipsometer. Using Rp and Rs to denote the complex p- and
s- components, the ratio of the two components is called ρ,
ρ = Rp
Rs
= tan Ψ exp i∆. (2.1)
The ellipsometric angles Ψ and ∆ respectively describe the relative amplitude atten-
uation and phase change. The ellipsometer used in my measurements is a Stokes
Ellipsometer LSE (Gaertner Scientic Corporation). It uses a HeNe laser to provide
a light source at wavelength= 632.8 nm that is linearly polarized at an angle of pi/4
relative to polarization direction, the incident laser has a fixed incidence angle of 70o.
The sample is placed on a stage that allows the adjustment of the tilt by a horizontal
screw and a vertical screw, the height of the sample support is adjusted so that the
reflected laser will be received by the sensor slit. An alignment laser diode with λ=
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Figure 2.1: Schematic drawing of ellipsometry.
670 nm and a position sensor are located above the sample, which allows the tilt
alignment to be checked and adjusted. Through the software interface (Gaertner) we
are able to check the reflected laser position and adjust it by adjusting the height
of sample support and the tilt of the sample. Through the software we can obtain
the ellipsometric angles, refractive indexes and film thickness of the the polymer thin
film supported on a substrate. All of the measurement are taken under a relatively
constant room temperature, of around 21o.
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2.3 Using Atomic Force Microscopy (AFM) to cap-
ture the surface topographic data of the films
Atomic Force Microscopy (AFM) or Scanning Probe Microscopy (SPM) are widely
used in high resolution imaging, small-scale measurement and manipulation. The
area on the sample surface we probe can be smaller than 1 micrometer by 1 microme-
ter, and the details of the surface structure we are measuring are usually on the order
of nanometers. When it comes to this type of application, the traditional optical
microscopy will not work, because the visible light wave-length is usually a few hun-
dred nanometers, which results in strong diffraction and the the details of nanometer
scales will not be revealed. AFM, on the other hand, detects the surface topography
of the sample by the interaction of a nanometer probe and the sample, so is able to
measure the surface height. The precision of the surface height and lateral resolution
is limited by the piezoelectric scanner, which is on the order of angstroms. Therefore
AFM is extensively used in our experiments to capture the surface topographic data
of the films. The AFM we have used for the measurements are diMultimode V SPM
from Veeco Instruments Inc. (Plainview, NY) and Ntegra Vita from NT-MDT (Santa
Clara, CA). As for measuring the surface height data, there are typically two working
modes. One is tapping mode (also called as non-contact or semi-contact mode), the
other is contact mode. The first mode is often used for soft materials, such as bio-
logical samples, polymer melt or gel. Under this mode, the probe vibrates at a high
frequency (usually between 20 k Hz to 200 k Hz). During the measurement, the probe
is maintained at an altitude that is around 100 nm above the films surface, vibrating
with an amplitude (usually 10∼20 nm) that is pre-determined by the set point value.
During the measurement, as the probe sweeps along the films surface along a pre-set
direction, it doesn’t physically make contact with the sample, but the amplitude of
the vibration will vary when the distance between the probe and the film feature
under the probe varies. This behaviour is due to the van der Waals force the probe
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feels changes with the distance between the probe and the film surface under it, and
the changed van der Waals force on the probes results in a change in the vibrating
amplitude. Under this mode, the AFM system adjust the relative height of the probe
to the surface to maintain the set point amplitude during the measurement. As the
probe sweeps along designated trajectory on the sample surface, and on each scan
line there are controlled number of data points (similar to the concept of pixels in
a digital photo) it collects, at each specific ”pixel”, the relative height of the sample
surface determines how much the probe should move up or down, this way the surface
height can be measured according to the relative height variation of the probe. After
the probe has travelled through the sample surface, surface height data, among other
types of data (such as phase image), for each pixel or coordinate, are collected and
form a height ”map” of the measured area. An advantage of tapping mode is that
there is no contact with the sample and so is non-destructive and allows a consecutive,
repeatable, reliable measurement of the surface height data. A disadvantage of this
mode is that the x- and y- resolution cannot take the full benefit of the sharpness of
the tip radius (10∼20 nm), the resolution is further compromised due to the probe
vibration. Contact mode is usually used for hard samples (metals, semiconductors,
etc.) and more precise x- and y- position measurements, in this mode the probe will
be touching the surface of the sample in a slightly bent form, due to the force it exerts
on the surface. Similar to the scanning process in tapping mode, the probe travels
from line to line and collect data on each line, the force of the probe is used as the set
point and it is kept as a constant during the scanning, the probe height position will
change when it moves along the sample surface in order to keep a fixed bending con-
figuration. The change of the probe height at each position is captured and converted
to the height ”map”, namely, the height image of the scanning area. Figure 2.2 shows
a schematic drawing of the working principle of a typical AFM. A laser beam is shone
on the head of the cantilever of the probe, the reflection of the laser is directed onto
the photodiode detector, in the beginning of the measurement, the reflected laser is
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adjusted to the middle of the photodiode, during the scan, the feedback electronics
will adjust the height of the probe to maintain the position of the reflected laser, the
change of the position of the probe is recorded and reflected to be the surface height
information of the sample under the probe. The key parameters to adjust properly
in order to obtain a high quality image, are scan rate, integral gain and proportional
gain, and set point. The scan rate is the frequency for completing one scan line of
the image. It is usually smaller for larger scan sizes, otherwise if we maintain the
same scan rate for all scan sizes, the probe tip will travel much faster than it would
for a small scan size. The quality of the image will decrease due to lack of response
time in dealing with surface features. Integral gain and proportional gain are used in
the diMultimode AFM, they can be understood as how fast the AFM respond to the
change of the sample surface height in adjusting the height of the probe in order to
maintain fixed distance between them. For the Ntegra Vita AFM, the integral gain
and proportional gain are integrated into one gain value and the working principle is
still the same. In general the bigger the gain, the more sensitive the AFM is to the
surface height change, and the image will be more ”clear”, however, too high a gain
will likely introduce excessive noise in practice, a proper value of gain is chosen to
produce both a detailed and low-noise image. It is worth noting that gain value is
not always a constant for all measurements, it varies depending on the probe model,
scan rate, sample type, and so on. The physical meaning of the set point value is the
vibration amplitude of the probe in tapping mode or the degree of bending of probe
in contact mode. In the former, the smaller the set point means the probe is closer
to the surface, this value should be chosen carefully because being too close to the
surface will have a high chance of breaking or contaminating the probe, while being
too far away from the surface will result in "loss of track" of the sample surface. In
the case of contact mode, the set point only reflects the relative force the probe exert
on the surface for a given probe, as long as the surface is deformed or scratched under
the force, bigger force tends to allow the probe to track the surface better, therefore
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Figure 2.2: Schematic drawing of AFM.
rendering a more accurate surface image of the sample. In our experiment, since
polymer is soft compared to the probes, we use tapping mode to capture the image,
this way the surface topography will be preserved and the probe and and sample will
not be contaminated by making contact. Contact mode, on the other hand, was used
under the following:
1. hard surfaces very large scale (bigger than 100 nm) features;
2. calibration samples which require precise determination of positions.
3. imaging in liquid, where damping from the surrounding liquid is so much that
the tapping mode cannot be as easily achieved;
34
Figure 2.3: 3-D Surface topographic image of Polystyrene film on a silicon substrate.
4. force constant measurement of designated locations on the surface, it is usually
combined with the surface hight or phase image measurement.
The captured surface height data can be output as both an image format and a set of
numerical data. Figure 2.3 shows a typical surface topographic image of a polystyrene
film supported by silicon, captured under tapping mode, the scan size is 2µm by 2µm.
Chapter 3
Dynamics of unentangled
supported films
3.1 Theory of surface dynamics for unentangled
films
When a polymer thin film is annealed under a certain temperature, it usually roughens
and sometimes ruptures in the end. The roughening of the surface, as reflected by
the surface height data, is captured by AFM. The surface undulation is considered to
be composed of all the components of different wavelengths, the distribution is shown
in the PSD. For a film with thickness h, using one wavelength, q, as an example,
the amplitude of this component is Aq, the wavelength λ is 2pi/q, as shown in figure
3.1. For a film supported by a substrate, the bottom of the film is bounded and
will not show surface fluctuation, while the film surface will roughen, the fluctuation
of a certain location, −→r , is h(−→r ) − h0, here −→r is the vector representation of the
location, h0 is the average surface height. We can see that the average surface height
fluctuation is 0. Use G(h(−→r ))to represent the unit area potential energy of the film
at a certain location −→r . As the film surface roughens, the change in the total energy
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Figure 3.1: Thermally excited capillary waves on spin-coated films.
will be [47]
δG ≡
∫
d−→r 4g(−→r ) ≡
∫
d−→r [(γ/2)(h0 − h(−→r ))2 + (G(−→r )−G(h0))]. (3.1)
In the experimental setting, the observed surface undulation is small, so we can
approximately round off this expression to its lowest order:
δG =
∫
entire film surface
dxdy[(γ/2)(h0 − h(−→r ))2 + (1/2)∂
2G
∂h20
(h− h0)2]. (3.2)
The reason the first order is not included in this expression is that they all cancel
out when integrated over the entire film surface. Now consider delta4g(−→r ) and
δh being the variation of 4g(h,∇h,−→r ) and h(−→r ), we can get the excess pressure,
P ≡ δ4g(−→r )/δh = −γ∇2h+∂2G/∂h20(h−h0). One can apply the continuity equation
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to the current density, −→J = −(h30/3η)∇P , here η is the viscosity of the film, and get
the dynamic equation for the growth of h(−→r ),
dh(−→r , t)
dt
= h
3
0
12η∇
2[−γ∇2h+ ∂2G/∂h20(h− h0)]. (3.3)
What would be useful is that we take the Fourier expansion of h(−→r ),
h(−→r , t)− h0 =
∑
q
eΓ(q)tA(−→q , 0)ei−→q −→r . (3.4)
In this expression, i =
√−1, q = |−→q |, A(−→q , 0) is the amplitude of component of wave
vector −→q at time 0, and Γ(q) is the growth rate. We substitute 3.4 into 3.3, we can
get
dA(−→q )
t
= Γ(q)A(−→q , t). (3.5)
Here A(−→q , t) ≡ A(−→q , 0) exp [Γ(q, t)], where
Γ(q) = h
3
0
3η [−
∂2G
∂h20
q2 − γq4], (3.6)
here γ is the surface tension of the film. There is another factor we need to consider,
which is the random fluctuation field when the system is at a thermal equilibrium
state. When we add the thermal field, the dynamic equation for the term A(−→q )
becomes [47]
dA(−→q )
t
= Γ(q)A(−→q , t) + q2ξ(−→q , t). (3.7)
where the term ξ(−→q , t) is the Fourier transformation of the random field. We use
certain properties of the random field to solve the dynamic equation. One is that
the the average of the random field over a long time is zero, the other is that
〈ξ(−→q , t)ξ∗(−→q , t′)〉 ≡ 2 | Θ(−→q ) |2 δ(t − t′), where δ(t − t′) is the Dirac delta func-
tion, and q4 | Θ(−→q ) |2= h30q2kBT/12η by the fluctuation dissipation theorem. In
the film system we consider, the film is on top a 100 nanometer silicon oxide coated
silicon wafer, the interfacial energy G(h(−→r )) is a function of the local film thickness
h(−→r ), and given by −AHamaker(h)/(12h2), where AHamaker(h) (in the unit of Joules)
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is the Hamaker function of the film [48]. Here, the interfacial energy originates from
van der Waals interactions [49]. We should note that in the experiments covered by
this thesis, this concept is valid for the film system of all the thickness that were
measured, down to 3 nanometers. After considering the thermal noise contribution
in the dynamic equation for A(−→q , t), we can solve the equation and get [40]
A2q(t) = A2q(0) + (
kBT
γq2 +G′′(h) − A
2
q(0))(1− e2Γqt). (3.8)
This equation can be rearranged into the following form:
A2q(t) = A2q(0) exp(2Γqt) +
kBT
γq2 +G′′(h)(1− e
2Γqt). (3.9)
This equation describes the PSD of the surface capillary wave of the film surface.
3.2 Modeling the Power Spectrum Density (PSD)
data of unentangled films
3.2.1 Transforming the surface height data into PSD
The surface height data is in this form: usually the AFM image is set to be 256
pixels by 256 pixels, on each pixel of the image there is a value associated with this
position, and the value is the height data at that position. After the height image
is taken, it is multiplied by a Welch function. The purpose is to reduce the noise
associated with small wave vectors, which is due to the finite scan size of the image
and aliasing. Then the data are Fourier transformed and radial averaged to become
power spectrum density (PSD), as a function of wave vector q. An example is shown
in figure 3.2, for a typical AFM image taken on a polystyrene film sample surface,
with the scan size of 20 µm by 20 µm, by Fourier Transform and radial averaging, the
PSD can be obtained for the AFM image. In this figure it also shows the tendency
of the evolution of the PSD with time under annealing.
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Figure 3.2: Procedure of converting surface topographic data into PSD.
3.2.2 Experiments on unentangled polymer thin films
Brief summary of the experimental procedure: polystyrene films are prepared using
the following molecular weights: 2.4 kg/mol, 6.4 kg/mol, 13.7 kg/mol. The substrate
is silicon covered by a 100 nanometer silicon oxide. Upon preparation by spin-coating,
the films are annealed at the measurement temperature and the measurements are
ex-situ, which means that after the film is annealed for a certain amount of time,
it is taken out of the heating stage and quenched to room temperature. Since this
is below the Tg, the surface structure is frozen. An argument that brings validity
to the ex-situ method is that by quenching the sample, it ”freezes” the molecular
configuration, due to the fact that room temperature is much lower than the Tg, and
the actual movement of the molecules within the film has become negligible compared
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to the movement of the molecules during annealing, given that the break between two
adjacent annealing period is not long, such as a few minutes or even hours. Then the
film is scanned using AFM to get the surface topographic data. After the image is
taken, the film is put back onto the heating stage and after some time the process is
repeated. The annealing time is cumulative in this method. That is, the annealing
time of a given measurement equals the sum of all the previous separate annealing
times. In-situ measurement, on the other hand, is continuous both in time and space.
With ex-situ measurement, it is almost impossible to scan the exact same location
repeatedly after each annealing since it is difficult to accurately relocate an area with
µm accuracy. Another issue to consider here is that most of the experiments are done
in air. We do have to worry about the degradation of the polystyrene in the air at
high temperatures. But the temperatures in the experiments are always low (below
around 130 oC) compared to the temperature (around 400 oC) for that effect to take
place [50]. Yang et al. [51]has showed that there is no noticeable differences in the
results when performing the experiments under ex-situ and in air from the cases of in-
situ and in nitrogen. In my experiment, I have also performed the checking for a few
representative experimental conditions. My observations are the same: that ex-situ
and in air is not posing significant influence on the experimental results. In practice,
ex-situ is easier to accomplish and increases the success rate of the experiment by
reducing the complexity of the measurement procedure; also, in the cases where the
desired difference in annealing time between two adjacent measurements is short, and
less than the time it takes to scan a complete image (usually on the order of 10
minutes). It would not be possible to capture the images by in-situ measurements.
Due to the factors discussed above, ex-situ measurement is usually employed. As a
typical example for unentangled polymers, the figure 3.3 shows the time evolution of
the PSD of a polystyrene film(Mw=2.4 kg/mol, thickness=4nm) measured at 61 oC.
In the graph, the PSD evolves in the upwards direction with the increasing annealing
time.
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Figure 3.3: Temporal evolution of PSD of 4 nm PS (Mw=2.4kg/mol) film upon
annealing at 61 oC. Reproduced with permission from Yang et al.. [56]
3.2.3 Mobility and viscosity of the film
Using our model, we can obtain an excellent fit between the experimental data and
the theory. As figure 3.4 shows, the circles are the experimental data, the solid lines
are the fit using equation 4.3, the agreement between them is very good. In equation
4.3, the term Γq has a prefactor given by h3/3η. In the following, we will show that
it is the mobility of the film if it is uniform. Consider a liquid film sitting on top
of a substrate, assume that there is no slippage between the film and the substrate.
When a pressure gradient, ∆P , is applied in the film, fluid in the film flows. The
velocity profile induced by this pressure gradient is indicated by figure3.5. As seen,
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Figure 3.4: Improved model fit of the PSD of 4 nm PS (Mw=2.4kg/mol) film upon
annealing at 61 oC. Reproduced with permission from Yang et al.. [56]
it is parabolic. The mobility is defined as M ≡ [∫ h0 v(z)dz]/(− 5 P ), where h is
the film thickness and z is the distance to the substrate surface, v(z) represents the z
dependent velocity of the fluid. By solving the Navier-Stokes equation for this system,
we find v(z) = −5P2η [z
2 − 2hz], where η is the viscosity of the film, by substitute this
expression into the definition of mobility, we find
M = h3/3η. (3.10)
In fitting the experimental PSD to the theory (equation 4.3), several parameters are
needed to be set or adjusted correctly: T , the annealing temperature; h, the film
thickness; A, the Hammaker constant, which is a film thickness dependent quantity;
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Figure 3.5: Mobility of a liquid film with non-slipping boundary
γ, surface tension of the film; η, viscosity of the film (which relates to the mobility of
the film according to equation 3.10). A is obtained from literature [51], γ is determined
by the asymptote of the PSD at the high-q region, η is varied as the fitting parameter.
By monitoring the chi-square of the fitting while adjusting the value of η, the quality
of the fitting can be optimized. Through this method, the viscosity of the film can
be obtained. The value of the viscosity is well determined within a narrow range.
For example, in figure 3.4, if the viscosity is set to decrease or increase by 20 %, the
quality of the fit will be visibly worsened, as figure 3.6 shows. Therefore, this method
provides a very accurate determination of the viscosity [56]. As a brief reminder, I
will recall the definition of viscosity of a liquid. We think of this configuration [1]:
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Figure 3.6: Change of the fit quality due to the change of viscosity. Reproduced with
permission from Yang et al.. [56]
two parallel planes are separated by distance x, and the medium in between is the
liquid, the area of the planes is A, as figure 3.7 shows. The force F which is required
to move the plane with velocity v relative to the other plane is
F ≡ ηAv
x
. (3.11)
The term v
x
is the shear rate, represented by γ′ , with γ representing the shear strain,
the displacement of the top plate relative to the separation between the two plates.
The viscosity is therefore defined as
η ≡ Fx
Av
(3.12)
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Figure 3.7: Two parallel planes within a liquid
. By defining the shear stress as σ ≡ F
A
, equation 3.12 is rewritten as η ≡ σ
γ′ .
3.3 Results on 2.4 kg/mol polystyrene films
In this section I will briefly summarize the work done by my predecessor, Yang [51]
on the Mw =2.4 kg/mol polystyrene films supported by silicon covered by a 100 nm
SiOx. A summary of the viscosity data is shown in figure 3.8 [51]. From this graph it
can be observed that at the same temperature, thinner films have smaller viscosity.
The thickest film in the graph have the viscosity very close to the viscosity of the
bulk polymer [54], which is indicated by the dashed line. The solid lines are fits to
the VFT relation. For the films that are thick enough (> 14 nm), the viscosity is
close to the bulk value, the thicker the film, the closer it is to the bulk. The main
analysis of their data started with an attempt of plotting the mobility of the films at
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Figure 3.8: Viscosity of 2.4 kg/mol polystyrene films. Reproduced with permission
from Yang et al.. [51]
different thickness vs. inverse temperature, as figure 3.9 shows. In the graph, it has
a clear trend that all the data for films thinner than 9 nm and some of the thicker
films overlap and fall on the same Arrhenius line given by:
M = 3η
h3
= (165± 7Pasm3) exp((185± 3)KJ/mol
RT
), . (3.13)
Based on the two graphs, it seems that the data has two trends, one is bulk-like
for thicker films (> 14 nm), the other is Arrhenius dependence for thinner films (<
14 nm). Inspired by this observation, a hypothesis was proposed. That the film is
composed of two components, one follows Arrhenius-dependence, the other is bulk-
like, the Arrhenius dependence dominates the dynamics for thinner films, the bulk-
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Figure 3.9: mobility of 2.4 kg/mol polystyrene films. Reproduced with permission
from Yang et al.. [51]
like component dominates the dynamics for thicker films. A model was proposed
to explain the data, that the film is composed of two layers, the layer close to the
surface (surface layer) is called the top layer, the bottom layer is the layer next to the
substrates. They first assumed that the surface layer is more mobile than the bottom
layer, when there is a pressure gradient applied to the film, the velocity profile in
the film is indicated by the solid line, composed of two parts of parabolic lines. By
solving the Navier-Stokes equation, the velocity is found to be:
v(z) = −5 P2ηb [z
2 − 2(hb + ht)z](z < hb) (3.14)
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v(z) = −5 P2ηt [(z − hb)
2 − 2ht(z − hb)− ηt
ηb
hb(2hb + ht)].(z > hb) (3.15)
By using the relation M ≡ [∫ h0 v(z)dz]/(− 5 P ), The mobility of the film can be
calculated as
M = h
3
b
3ηb
+ h
3
t
3ηt
+ hthb(ht + hb)
ηb
. (3.16)
The subscript t and b stands for ”top” and ”bottom”. The first two terms are just
the mobility of the bottom and the top layers, the third term can be understood as
a cross term between the two layers. It can be proven that when the viscosity of the
top layer is much smaller (one or two orders of magnitude smaller) than the bottom
layer, the third term is almost negligible, and the mobility can be expressed as
M ' h
3
b
3ηb
+ h
3
t
3ηt
= Mb +Mt, (3.17)
which is the sum of the mobility for the top and bottom layers if they exist inde-
pendently. Connecting this back to the viscosity data in figure 3.8, the viscosity is
a collective effect of both the top and the bottom layers, the viscosity measured for
the film is considered as the ′′effective′′ viscosity, and it is expressed by the mobility
of the film
ηeff =
h3
3M '
h3
3(Mt +Mb)
. (3.18)
By substituting equation 3.13 for Mt, and using h
3
3ηbulk for Mb, an excellent agreement
between this equation and the experimental data is found, as figure 3.10 shows. This
proves the validity of the two layer model. It has also been checked that if the property
of the two layers were exchanged (the top layer is bulk-like while the bottom is the
mobile layer), the third term in equation 3.16 becomes non-negligible and the fit using
equation 3.18 becomes invalid. Also, by adopting other models, such as the top is
more viscous and the bottom is bulk-like, or the top is less viscous and bulk-like,
the experimental data can be explained. Therefore the two layer model with the top
layer being less viscous (more mobile) and the bottom layer which is bulk-like, can
explain the data very well, and the only most convincing model for the film system.
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Figure 3.10: Solid lines are the calculations using equation 3.18, the data are repre-
sented by symbols. Reproduced with permission from Yang et al.. [51]
In figure 3.9, it is worth pointing out that the arrows indicate the temperature at
which the Arrhenius dependence becomes invalid for a given thickness, which are
the data represented by the hollow symbols. It is a proof that the two components
(two layers) co-exist in the film, although the effect of the mobile layer is the most
prominent when the thickness is small (< 14 nm), for the films thicker than 14 nm,
the effect of the mobile layer also shows when the temperature is low enough. Also,
one can infer from the data that the mobile layer does not extend more than 3 nm
from the free surface. Specifically, the two layer model works for all film thickness
down to 3 nm [51]. Another important aspect is the coefficient in the Arrhenius
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dependence, 165 ±7 Pa·s·m3, is reliant on the total amount of material contributing
to the Arrhenius transport and thus dictated by the effective surface layer thickness,
ht. It is a constant implying that the thickness of the mobile layer remains unchanged
while the temperature varies. This mobile layer provides a high mobility channel
contributing to the total dynamics of the film.
3.4 Study on the unentangled polystyrene films
with higher molecular weight
In the previous subsection I have briefly summarized the work done by Dr. Yang
and colleagues on the Mw=2.4 kg/mol polystyrene. To complete the picture for
the unentangled polystyrenes, I studied polystyrene films with Mw=6.4 kg/mol, and
Mw=13.2 kg/mol, also supported by silica.
3.4.1 Would the two layer model continue to work?
It is natural to raise this question once we see the success of the two layer model in the
Mw=2.4 kg/mol polystyrene system. We have measured the viscosity of films from
very thin films (∼ 3 nm) to thick films. I will first discuss the data of the films with
Mw=13.2 kg/mol. Figure 3.11 summarizes the viscosity data of the films taken at 120
oC, the film thickness is from 3 nm to ∼ 50 nm. The solid line is a two layer model
fit using equation 3.18, by assuming that the mobility of 3 nm film is dominated by
the mobile layer. The excellent agreement between the fit and experimental data
suggests that two layer model also works for Mw=13.2 kg/mol. I have performed
the measurements on the films with Mw = 6.4 kg/mol. The viscosity also can be
fit using same two-layer model by assuming a mobile layer with thickness ≤ 3 nm.
Another observation is that at 20 nm, the viscosity of the films is already close to the
bulk value. It is not surprising since this thickness is several times bigger than the
upper limit of the surface layer, i.e., 3 nm. In summary, at the same temperature,
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Figure 3.11: Viscosity of polystyrene films (Mw= 13.2 kg/mol) of various thickness
at 120 oC
thinner unentangled films have smaller viscosity than thicker films. With the increase
of film thickness, the viscosity starts to saturate at the bulk viscosity. When the film
thickness approaches 20 nm, their viscosity approaches the bulk value.
3.4.2 Is the dynamics of the films consistent with their glass
transition temperatures?
The glass transition anomaly was one of the major reasons that has inspired the study
in this thesis. In Keddie and coworkers’ work [9] [10], they found that irrespective
of value of the molecular weights, polystyrene films supported by silicon always show
the same reduction in the glass transition temperature with decreasing film thick-
ness, most notably when the thickness is below around 10 nm. In connecting my
observation to the findings of Tg anomaly, it is found that the effect of the surface
mobile layer is also most prominent when the film thickness is below ∼ 10 nm. In a
previous work performed in this lab, Clough [56] measured the Tg of the Mw = 44
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Figure 3.12: thickness dependent Tg of 44 kg/mol polystyrene on oxide-coated silicon.
Reproduced with permission from Yang et al.. [56]
kg/mol polystyrene films spun-cast on oxide-coated silicon. The samples were mea-
sured by ellipsometry and the temperature dependent ellipsometric angles, ∆ and Ψ
were recorded. At the glass transition temperature, Tg, there will be a discontinuous
change in the slope for the ∆ or Ψ vs. temperature graphs. Based on this method the
Tg of the thin films of various thickness can be measured. Those data show the same
trend as the data measured by Keddie. The solid line is the best fit line using the
model proposed by Keddie and co-workers [9] [10], Tg = Tg,∞[1− (h0h )δ]− 273, where
Tg,∞=369.5 K, h0=3.4 nm, δ=2.4. Their results all imply a monotonically increasing
dynamics for thinner films, which coincide with the findings that thinner films have
smaller viscosity than thicker films.
Chapter 4
Dynamics of entangled
(viscoelastic) supported films
4.1 Maxwell model for viscoelastic materials
In the previous chapter, I have discussed the theory for the dynamics of thermally
excited surface capillary waves of the unentangled polystyrene films. As discussed in
the first chapter, entangled polymers have more complex dynamic properties because
they are viscoelastic. When a film is entangled, at the beginning of annealing, it is
in the rubbery state. The polymer chains need to undergo reptation motion for, τ ,
the relaxation time, before they can move out the ′′tube′′ they are confined in, and
exhibit flow behaviour. After that the films will behave as a viscous liquid, similar
to the unentangled films, with a definite viscosity, η. In the case where the material
between the surfaces is a purely elastic solid, the shear stress, σ, and the shear strain,
γ, are proportional. The shear modulus of the material is defined as:
µ ≡ σ
γ
, (4.1)
which is the Hooke’s law of elasticity. A simple way to model the viscoelastic prop-
erty of polymers is to use the Maxwell model [1], which assumes the system to be
mechanically equivalent to a series connection between a Newtonian liquid element
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Figure 4.1: Maxwell model. The left part of the graph shows a Hookean solid element
(zigzag shaped) coupled in series with a Newtonian liquid element. The strains on
each element and the total strain are indicated in the graph.
and a Hookean solid element. The Hookean elements is assumed to have elastic mod-
ulus, µ, and the liquid element viscosity, η. As figure 4.1 shows, the total strain γ is
the sum of the strain on the individual components: γe + γv, with the subscript ′′e′′
denoting the elastic component and ”v” denoting the viscous component. As the two
components are in series, the stress is the same for each component, which is
σ = µγe = ηγ
′
v. (4.2)
The ratio of η to µ, η/µ, defines the relaxation time, τr. For time t < τr, the Maxwell
element responds like a solid with modulus µ. For t > τr, the Maxwell element
responds like a liquid with viscosity η.
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4.2 Theory for the time evolution of the PSD of
entangle films
As discussed in Chapter 3, in the early stage (where roughness of the film  film
thickness, which applies to the films studied in this thesis) of the annealing process,
the PSD of the films can be described by [40]:
A2q(t) = A2q(0) exp(2Γqt) +
kBT
γq2 +G′′(h)(1− e
2Γqt), (4.3)
where the symbols have the same meaning as in the previous chapter. In Safran and
colleagues’ work [57], by solving the Laplace transform of the Navier-Stokes equation
in the lubrication approximation, they derived an expression for Γq for viscoelastic
films which reads: Γq = h
3
0
3η(ω) [−∂
2G
∂h20
q2 − γq4]. In here η(ω) is a frequency dependent
viscosity appropriate for the Laplace formulation. If the film is unentangled (viscous),
η(ω) is a constant. For entangled (viscoelastic) films, we assume the Maxwell model,
where under annealing at a fixed temperature, viscoelastic films first exhibit elastic
behaviours, which can be charactered by a shear modulus, µplateau, the parameter
η(ω) is equal to µplateau/(Γq + 1/τr) [57]. After time exceeds τr(relaxation time), the
films behave as a viscous liquid with viscosity η ≡ µplateauτr. Given this, Γq can be
written as
Γq =
−h33 q2(γq2 +G
′′) 1
τr
µplateau +−h33 q2(γq2 +G′′)
. (4.4)
Recall that the expression of Γq for unentangled films is −h33η q2(γq2 + G
′′)in the un-
entangled films, so we can write equation 4.4 as
Γq =
Γliquid
1− Γliquidτr , (4.5)
where Γliquid denotes the relaxation rate of the capillary wave mode q if the film is a
viscous liquid (unentangled). From equation 4.5, we can see that when |Γliquidτr|  1,
Γq ≈ Γliquid. When |Γliquidτr|  1, Γq ≈ 1/τr. In the case where Γliquidτr = −1, it can
56
can be shown to be equivalent to
γq2 +G′′ = 3µplateau
h3q2
, (4.6)
is fulfilled when q = qlc,solid, the lower cutoff wave vector of the theoretical PSD of
elastic films with shear modulus, µplateau, thickness, h, and van der Waals potential,
G
′′ . Yang and colleagues have shown that the equilibrium PSD of an elastic film [60],
A2q =
kBT
γq2 +G′′ + 3µ
h3q2
, (4.7)
is suppressed when the wave vector is below qlc,solid. In figure 4.2 is shown a com-
parison between Γq and Γliquid, normalized by τr, the wave vector is normalized by
qlc,solid, the vertical dashed line shows where q = qlc,solid. A negative value of the
relaxation rate means that the film is stable, while a positive value means that the
film is unstable. In the latter case, instability of the film happens when the wave
vector is smaller than a critical value, qc = (−G′′/γ)1/2, if (1− Γliquidτr) > 0. We can
see that (1 − Γliquidτr) > 0 does hold for all the films studied in this thesis. As it is
equivalent to µplateau > −h3q2(γq2 + G′′)/3. By using h=2nm, |G′′ | ≈ 9 × 1013J/m4
in the system of PS-SiOx(106 nm)-Si, and µplateau is on the order of 10 kPa, we find
this condition is valid. As |G′′ | decreases monotonically with increasing film thickness
for h < 200nm [7] [3], this condition continues to be valid for bigger film thickness.
Therefore we have (1−Γliquidτr) > 0. One can show that |Γq| ≤ 1/τr, this means that
any capillary mode requires a time longer than τr to relax, or in other words, it takes
at least ∼ τr for any capillary wave to show a discernible change in its amplitude. In
experiments, this will manifest itself in a way that the PSD will not have noticeable
changes until after it has been annealed for time ∼ τr. As a result, during annealing,
for time τr, the PSD will remain almost unchanged with time, while for time τr,
from equation 4.4, we can see that Γq can be approximated by Γliquid, which is ex-
pected as the film has now entered the liquid state and evolves like a simple, viscous
liquid. Later we will see that this corresponds to the value of η increasing linearly
with time initially then reaching a plateau value after time > τ .
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Figure 4.2: Surface capillary wave relaxation rate (normalized by relation time, τr)
vs. wave vector (normalized by qlc,solid). Reproduced with permission from Peng
etal.. [62]
4.3 Modelling the PSD for entangled films
4.3.1 Experiments of entangled films and their PSDs
As before, we use AFM to capture the surface topography of the films, and analyse
it as discussed above. Figure 4.3 shows the time sequenced PSD of a 3 nm film
annealed at 110oC. The molecular weight of the film is 115 kg/mol. The substrate is
silicon coated with 100 nm SiOx. The circles are the experimental data. The solid
lines are the fits, which show an excellent agreement with the experimental data.
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Figure 4.3: Time sequenced Power Spectrum Density (PSD) for the 3 nm film
(Mw=115kg/mol) at the temperature of 110oC. Reproduced with permission from
Peng etal.. [62]
4.3.2 Shear Modulus, relaxation time, and viscosity of the
entangled films
It has been shown [40] that equation 4.3, given the expression of Γ by Safran et
al. [57], can be approximated by:
A2q(t) = A2q(0)Θ(q∗ − q) +
kBT
G′′(h) + γq2 + 3(η(ω)/2t
h3q2 )
. (4.8)
The first term on the left-hand-side is the low-q background of the PSD that is
un-altered by the annealing process because the relaxation time is longer than the
annealing time. Here, Θ(q∗ − q) is the Heaviside step function and q∗ is the wave
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Figure 4.4: The fitted values of η plotted against the annealing time. The open
symbols represent the data during the rubbery plateau. The solid symbols represent
the data in the terminal flow regime. The solid line, with slope=1, provides a guide.
The tilted dashed line is a fit of the data to the expression η(ω) = 2µplateaut. The
horizontal dashed line shows the final value of the viscosity during the terminal flow
regime. Reproduced with permission from Peng etal.. [62]
vector where Γqt = 1. The films are elastic with the rubbery modulus µplateau. It has
been shown that the PSD of such an elastic film is given by an expression with the
same form as equation 4.8, except that η(ω)/2t is replaced by µplateau. This means
that if we fit our PSD curves to the model, we should find that η increases linearly
with time in the rubbery regime and given by η = 2µplateaut. Figure 4.4 shows the
fitted value of η plotted versus time for PS films with Mw = 115 kg/mol, h = 3 nm,
measured at 110 oC.
From the plot we can see that during the rubbery plateau, the relation η =
2µplateaut does hold, as the open symbols show with a line of slope=1 to fit the data.
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Figure 4.5: Equilibrium viscosity of 125 nm PS films (Mw=212 kg/mol), annealed at
various temperatures (in oC), the solid line is the published bulk viscosity data for
this molecular weight. Reproduced with permission from Peng et al.. [62]
After the relaxation time, τr, the film is in the liquid state and η is the viscosity of
the film. To find the relaxation time, one could find the intersection between the
tilted and the horizontal dashed line. For example, in figure 4.4, by this method we
find the relaxation time to be around 10000 s. Referring back to figure4.3, we can
see that before this time, the PSDs are basically not evolving. But after this time,
there is a noticeable change in the PSD, indicating that the film has entered into the
liquid state. Next we discuss the results obtained from the thicker films. Before I go
to the systematic study of films with a wide range of molecular weights at different
film thickness and temperatures, I will show the results by Yang et al. [62], which
has motivated part of this thesis work. In figure 4.5, the equilibrium value of the
viscosity, η∞, of films (h=125 nm, Mw=212 kg/mol) under various temperatures are
plotted vs. T. The solid line is the published value for the bulk viscosity at this
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Figure 4.6: relaxation time (τr) vs. equilibrium viscosity (η∞) for films with different
thickness and different molecular weights. The measurement temperature is 120 oC,
except for some 3 nm films, where are measured at 110 oC. The solid line is the best
fit of the data to τ = η∞/µplateau. The fitted value of µplateau is found to be 25000 Pa.
molecular weight. The excellent agreement between the bulk viscosity and the thick
film (h=125 nm) viscosity is in line with the previous findings with the unentangled
films, that thick films recover the bulk viscosity. As to how big the thickness should
be in order for the films to recover the bulk behaviour, it is not definite. With the
current temperatures used in this study, we observe that when h > 5Rg, the difference
between the film viscosity and the bulk viscosity becomes negligible small. Later I will
show the results of thick films (h >> Rg) for a wide range of molecular weights, where
we have found that they all show the same trend. That is, at a given temperature,
thicker films have bigger viscosity, and the difference becomes smaller with increasing
film thickness. For thick enough films, the viscosity approaches the bulk viscosity.
We also observe that the viscosity (η∞) of the 3 nm film (Mw=115 kg/mol) is 2
orders of magnitude smaller than the bulk value, similar to our earlier findings with
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Figure 4.7: Viscosity of polystyrene films (Mw= 115 kg/mol) of various thickness at
120 oC (symbols). The dashed horizontal line indicates the value of the bulk viscosity.
The solid line is the best fit to the data using equation 3.18.
the unentangled films. Despite the vast difference in viscosity between thin and thick
films (the data will be shown later), they have similar shear moduli (both on the
order of 10 kPa), about 1 order of magnitude smaller than the bulk shear modulus
(see figure 4.6). A possible reason for the films displaying similar shear modulus ∼
10 times less than the bulk value is that in the process of spin-coating, by which the
film are prepared, the polymer solution quickly vitrifies and there is not enough time
for the polymer chains to fully interpenetrate from the relatively loosely packed state
in the solution just before vitrification. As a result, the inter-chain entanglement can
be reduced, leading to a diminishment in the shear modulus of the films.
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4.4 Would the two layer model continue to work
for the viscosity of entangled films?
One main purpose of this thesis is to explore the viscosity of polymer thin films with
wide range of molecular weights. First, we discuss the result of the films with Mw=115
kg/mol. As figure 4.7 shows, the dashed horizontal line indicates the value of the bulk
viscosity. The solid line is the best fit to the data using equation 3.18. Equation 3.18
agrees well with the viscosity dta, indicating The excellent fit seems to indicate that
the two layer model could be used to explain, or even predict the viscosity data of
the entangled films as well. In the next chapter, there will be more data covering the
entangled films of different molecular weights, and the two layer model can also be
used to fit those data.
4.5 A closer look at the two layer model
By fitting the data to the two layer model, the thickness of the mobile layer is found
to be less than 3 nm in all of the films. On the other hand, the Rg of some of the
entangled films studied (Mw > 20 kg/mol) is bigger than 3 nm. Which implies that
the portion of the polymer chains that are within the 3 nm surface mobile layer follows
the Arrhenius dynamics, while the rest of the polymer chains are bulk like and follow
the VFT dynamics. Due to the large difference in the properties of the two layers, the
surface polymer chains will be shear deformed with the development of the surface
capillary wave, similarly to the case in the polymer brush under the development
of surface capillary wave [61]. Figure 4.8 illustrates the picture. For the entangled
films measured in the experiments, the molecular weight varies from 24 kg/mol to
2300 kg/mol, thus we can approximately use a molecular weight in the middle for
the initial analysis. At the molecular weight of 212 kg/mol, similarly to the approach
used by Fredrickson and co-workers [61], we can find the lateral displacement of the
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Figure 4.8: Schematic illustration of chain stretching within a polymer thin film when
the Rg is > 3 nm
polymer chain. The lateral distortion d is estimated to be ∆h/(qht), where ∆h and
ht are defined in figure 4.8. The usage of ht instead of h is because the top layer
is more mobile than the bottom layer, movement of the bottom layer is negligible
compared to the top layer. The typical value observed for 1/q during the experiment
is about 1 µm. Using this for q, we get d to be around 100 nm. The stretching
energy associated with this distortion is estimated to be kBTd2/R2g, which is around
100 kBT . This amount of energy is too big to be realized in this experiment, where
no external force is applied. To resolve this issue, one may think of the possibility
that the polymer chains in the mobile layer do not extend into the bulk-like region. It
has been suggested that polymer chains near a reflective surface are oblate [19]. The
dimension of the polymer chain which is perpendicular to the substrate (R⊥) is less
than Rg, while the dimension parallel to the substrate (R‖) is the same as Rg. Theory
predicts that R⊥ is ∼ 0.6 Rg. As the Rg for the polystyrene with Mw = 212 kg/mol
is about 12 nm. In here R⊥ needs to be ∼ 0.25 Rg to be independent of the inner
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bulk-like layer and avoid the unphysical chain stretching. So we have encountered a
dilemma for the much confined (h < Rg) entangled polymer films. On the one hand,
the viscosity data can be fitted well by the two-layer model. On the other hand, the
two-layer model implies the surface chains to be unphysically stretched.
Chapter 5
The change of dynamics of
supported polymer films with
increasing molecular weight
5.1 Viscosity of the films with various molecular
weight
5.1.1 Viscosity vs. Mw at various thickness
The mechanism by which the polymer chains move is often traceable from the Mw
dependence of the polymer viscosity [1]. Recall the earlier result by Yang [51] [64]
on the nanometer films supported on silica with Mw = 2.4 kg/mol and 212 kg/mol.
It is inferred that the viscosity of the latter to that of the former disagrees with that
for the bulk polymers. For example, at 120 oC, with h = 5 nm thick, this ratio is
∼ 3 × 106 while it is ∼ 2 × 107 for bulk polymers. The noted difference indicated
the nature of the dynamics associated with Mw of the nanometer films is different
from the bulk. To address this possibility, we extend the experiments of the PS
supported films on silica to the Mw = 2316 kg/mol. Shown in Figure 5.1 is the result
plotted as the effective viscosity, η, versus Mw for PS films supported by silica with
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thickness, h, between 3 nm and 20 nm. As one can see that for Mw < 80 kg/mol, the
effective viscosity of the films follows the same Mw-dependence as the bulk. But for
Mw sufficiently above 80 kg/mol, the effective becomes independent of Mw. Recall
our previous analysis of the viscosity data using two-layer model, which make use of
equations 3.17 and 3.18. For the clarity of expression, I change the subscript ”t” into
”mobile”, and use Mtot to denote the total mobility of the film. The equations are
rewritten as
Mtot ' h
3
b
3ηb
+Mmobile, (5.1)
ηeff =
h3
3Mtot
. (5.2)
For thin enough films, equation 5.1 shows that the mobility of the film, Mtot, is
dominated by Mmobile, the mobility of the mobile layer, which are observed in previous
work [51] [64] for films thinner than 10 nm. We have fitted our data to equation 5.2
assuming Mmobile to be the mobility of the 3 nm films and the published bulk data
for ηb. The result is shown in figure 5.1 by the solid lines, which agree well with the
measurement. Given the good agreement found between the two-layer model and
the experiments, one may contemplate the following scenario that may lead to the
viscosity plateaus in figure 5.1. Based on the two-layer model fit, the thickness of the
surface mobile layer is no more than 3 nm since one can assume Mmobile to be the
mobility of the 3 nm films. One may suppose that the influence of the free surface
on the mobility of the polymer extends up to a length scale, ξ, on the same order
as the thickness of the surface mobile layer, i.e., 3 nm. Figure 5.1 shows that the
plateau occurs when Mw >∼ 80 kg/mol, which has an Rg ≈ 7.6 nm. It has been
suggested that polymer chains near an impenetrable substrate are oblate, with the
dimension perpendicular to the substrate (R⊥) being less than Rg and that parallel to
the boundary (R‖) the same as Rg [74] [75] [79]. Moreover, R⊥ ≈ 0.6 Rg. This would
predict that R⊥ ≈ 4.6 nm, consistent with the expected range of influence of the free
surface, ξ. At low Mw, the viscosity of the films increases with Mw in the way the bulk
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Figure 5.1: Effective viscosity as a function of molecular weight of PS films supported
by silicon covered with a 100 nm thick oxide layer. The dashed line represents the
published data of bulk PS. The dotted line is a smoothened line drawn through the
data. The solid lines are the best fit to the two-layer model described in the text.
The data were taken at 119 oC.
viscosity does dashed line in figure 5.1. This suggests that the nature of the polymer
dynamics near the free surface is not very different from that in bulk polymers. We
note that the degree of entanglement of the surface chains can be reduced and hence
the entanglement molecular weight can be increased due to the oblate deformation.
The latter has been estimated to 3 times the bulk value [74], which corresponds to
∼ 60 kg/mol. In the experiments, we cannot distinguish at where the dynamics
switches from the Rouse mechanism to the Reptation mechanism, neither for thin
films nor the bulk, as the Mw−dependence of viscosity at low Mw is obscured by
the effect of free volume (figure 5.1). But given the same Mw−dependence seen in
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the thin film data, their dynamics should not depart from the Rouse or Reptation
dynamics. We think that the lower viscosity found in the thin films is due to the
availability of higher free volume at the free surface. This idea is in keeping with the
observation that the viscosity-temperature dependence of the thinnest films or Mmobile
is Arrhenius even when that of the bulk follows the VFT relation [51] [64], a signature
of cooperative dynamics commonly attributed to scarcity of free volume [83]. As the
Mw is increased and when the R⊥ exceeds the cutoff distance for surface perturbation,
ξ, further increase in Mw does not change the viscosity of the surface layer anymore.
This causes emergence of the viscosity plateau at high Mw. This picture is probable
for low-Mw polymers, but for high-Mw polymers, where R⊥ > ξ, there is a problem.
Under such circumstances, the surface chains within the surface region will be part
of the chains that also reside in the bulk-like region. As we discussed in the previous
chapter, the portion of the chains within the surface region travels much faster than
the portion in the inner layer, the chains will be stretched. The energy associated with
such stretching is estimated to be around 100 kBT per chain for the films with Mw =
212 kg/mol. It is hard to perceive the such stretching is facilitated by capillary waves
without other external forces. This leads to the thinking that a mechanism different
from the two-layer model is operative for the viscosity reduction and experimental
observations found in the high-Mw films.
5.1.2 Mobility vs. Mw at various thickness
Besides the Mw independence of viscosity discussed above, another observation is the
tendency of the total mobility to overlap and converge at a constant value at high-
Mw. Shown in figure are the mobility vs. Mw at various thickness. To account for
these observations, we consider long polymer chains in a thin film where R⊥ > h. The
chains may form loops that have portions residing in the surface region as discussed by
de Gennes [5]. We expect those portions to be ineffective in transmitting stress due
to their ”fluffy” geometry. Resultantly, adjacent loops are dynamically uncoupled.
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Figure 5.2: Total mobility plotted vs. Mw of the PS films based on the data of figure
5.1.
Further increase in the chain length increase the number of loops, but does not cause
the dynamics to slow down because the loops are uncoupled. This could explain
the Mw−independence found in the viscosity of the films. Assuming that the loops
adopts a random walk conformation and so the average length of each loop is, l ∼ h2.
We consider a volume element of the film of dimension lx × ly × h, the force induced
by a pressure gradient, 5P, is
F = lxlyh5 P. (5.3)
Assuming the terminal flow velocity to be v, the frictional force, Ff , experienced by a
loop of length l is 2lµv, where µ is the chain frictional coefficient per unit length. By
assuming that the frictional force is dominated by pinning sites of the type suggested
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by Brochard and de Gennes on the substrate surface, we find that
Ff = 2lµv(nlxly), (5.4)
where n is the pinning site density per unit substrate area. Equating 5.3 and 5.4, we
have
v/5 P = h/(2lµn) ∼ 1/(hn) (5.5)
The total mobility, given by Mtot = hv/5 P is thus independent of h as observed in
figure 5.2.
5.2 Activation energy vs. Molecular weight for the
surface layer
We also find good consistency between this model and the viscosity measurement of
the 3 nm PS films presented in a different way. The viscosity is plotted versus 1/T
for various Mw in figure 5.3. One can see that all the plots are Arrhenius as noted
above, which have the same form
3η
h3
= C exp( Ea
RT
), (5.6)
. From the slope, the dynamic activation energy, Ea, can be deduced. Shown in
figure 5.4 is Ea plotted versus Mw. As seen, Ea stays relatively constant at the
lowest Mw until Mw exceeds 10 kg/mol whereupon Ea increases steadily with Mw.
For Mw >∼ 100 kg/mol, Ea saturates. We surmise that for Mw <10kg/mol, the
unperturbed Rg is < 3 nm and R⊥ ≈ 0.6Rg is clearly smaller than the film thickness.
As a result, Ea is mainly due to inter-segment or chain friction. As Mw increases part
of the polymer chains touch the substrate, therefore Ea becomes increasingly affected
by the friction between the chain segments and the substrate surface. But when Mw
exceeds what it takes to form a de Gennes loop as described above, further increase
in Mw does not affect the chain dynamics anymore.
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Figure 5.3: Plot of effective viscosity, η, versus 1000/T of 3 nm PS films supported
by oxide coated silicon with various Mw. The solid lines are fits to an Arrhenius
dependence.
5.3 Effect of the substrate
To explore the new model further, we measure the viscosity of 3 nm thick PS films sup-
ported by substrates that have been hydrogen-passivated (H-passivated) or stripped
of the oxide layer by hydrogen peroxide (HF). A previous study [46]of our group shows
that PS adsorbs irreversibly on both oxide coated and H-passivated silicon, but the
degree is less in the former. Figure 5.5 shows viscosity plotted versus Mw, in the same
plot shows the result of the 3 nm thick PS films on 100 nm SiOx coated silicon. As
seen, the two sets of data overlap for Mw < 60 kg/mol. Above this molecular weight,
the viscosity of the films deposited on the H-passivated substrate surpass and steadily
increases towards ∼ 2 times that of the films on the SiOx coated silicon. This agrees
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Figure 5.4: Plot of dynamic activation energy, Ea, versus Mw deduced from the data
of figure 5.3 as discussed in the text. The solid line is a guide-to-the-eye
with the factor of ∼ 1.7 disparity found between the thickness of the adsorption PS
layers on these substrates.
5.4 Dioctyl phthalate (DOP) doped polystyrene
films
In the above experiment, we modified the segmental friction with the substrate by
using a different substrate. Here, we explore the effect of changing the inter-segment
friction. We doped the PS films with a small amount (4 weight%) of dioctyl phthalate
(DOP). Figure 5.6 shows the viscosity versus Mw for bulk polymer samples of the
DOP-doped and pure PS. One can see that the viscosity of the DOP-doped polymers is
smaller than that of the pure polymers by a constant multiplicative factor of ∼4. This
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Figure 5.5: Plot of effective viscosity, η, versus Mw of 3 nm thick PS films supported
by H-passivated silicon and silicon covered with a 100 nm thick oxide layer. The data
are taken at 120 oC
suggests that the nature of the polymer dynamics in the DOP-doped samples is the
same as the bulk with the DOP acting as a simple plasticizer that lowers the average
chain friction coefficient. Shown in figure 5.7 is the effective viscosity of 4 nm pure
and DOP-doped films plotted versus Mw. At low Mw, the two measurements differ by
a constant multiplicative factor of ∼ 5, which is consistent with the difference found
between the bulk viscosities. But when Mw exceeds 60 kg/mol, the difference reduces
and becomes essentially indistinguishable at Mw = 450 kg/mol. It is important that
this convergence is entirely brought about by the creeping up of the DOP-doped film
data towards that of the pure film, away from the two-layer model prediction. This
clearly indicates that the chain friction coefficient switches over to a different value
that overlaps with that of the high−Mw pure films. A nature attribute to the new
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Figure 5.6: Plot of viscosity versus Mw obtained from bulk samples of pure PS (solid
squares) and DOP-doped PS (open circles). The data taken at 200 oC as marked
were obtained using a TA Instruments AR2000 Rheometer. The data taken at 120
oC were determined from the dynamics of surface capillary waves in thick films where
further increase in the film thickness does not bring about discernible change to the
measurement.
friction coefficient is the chain-substrate interaction as portrayed in the new model.
To ensure that this observation is not due to any Mw− dependent reorganization of
the DOP in the films, we collaborate with Professor K. Tanaka’s group in Kyushu
University to examine the distribution of the DOP in the films by using neutron
reflectivity (NR). Measurements are carried out on 11 nm PS films with Mw = 6.4,
60.5, 1400 kg/mol, doped with 4 weight% deuterated DOP (dDOP). The results are
plotted in figure 5.8. One can see that in figure 5.8 that while there is an enrichment
of DOP at the free surface, which is common for polymer films doped with smaller
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Figure 5.7: Viscosity of 4 nm thick pure and DOP-doped PS films plotted against
Mw. The data were taken at 120 oC. The line through the pure film data is a two-layer
model fit. The line through the doped film data is a guide-to-the-eye.
molecules [68], [69] [70] [71], the degree of surface enrichment is the same for all the
Mws studied. Moreover, the enrichment diminishes rapidly well within 1 nm. As a
result, the concentration of the DOP in the inner region is still close to the initial
concentration within a difference of 12.8%. This may explain the similar multiplicative
factor found between the viscosity of the pure and DOP-doped PS in both thin film
and bulk form. To examine why the surface enrichment of the DOP does not seem to
affect the mobility of the films, we consider a bilayer film consisting of a 0.5 nm thick
surface mobile layer that has a 100-fold reduction in viscosity. We estimate that at a
thickness of 4 nm, the effective viscosity of such a bilayer film is ∼ 84% the viscosity
of the inner region, indicating that the influence of the surface mobile layer is already
quite limited.
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Figure 5.8: Concentration of deuterated DOP (dDOP) plotted versus distance from
the free surface of the dDOP-doped PS films with Mw = 6.4, 60.5 and 1,400 kg/mol.
Chapter 6
Concluding remarks and future
work
6.1 Two layer model in the unentangled supported
polystyrene films
Glass transition temperature, Tg, is found to reduce with decreasing film thickness,
the dynamics of the films are consistent with the behaviour of Tg. The thinner
films are displaying a faster dynamics than the thicker films, noticeably with film
thickness below 100 nm. Viscosity of polystyrene films made with Mw ranging from
2.4 kg/mol to 2316 kg/mol (spanning three order of magnitude, covered unentangled
films and entangled films) are measured utilizing Atomic Force Microscopy to capture
the surface capillary waves and fitting the power spectrum density of the films. The
film thickness is from 2.7 nm to 120 nm, the temperature range is from 61 oC to
172 oC. Irrespective the vast difference in the molecular weights, all of the thick films
(h >severalRg or more) are found to have the viscosity of the bulk (for entangled
films the annealing time has surpassed the relaxation time of the film), suggesting
the conformation within the chains have recovered the bulk conformation. As for thin
films, they display smaller viscosity with the decreasing film thickness. Also, combined
78
79
the dewetting experiments, the dynamics of the thinner films are found to be faster
than the thicker films. For unentangled films, a two layer configuration, which assumes
a layer of no more than 3 nm thick mobile layer on top, that hydrodynamically
coupled to an inner bulk-like layer, can successfully explain all of the data within
this thesis. This two-layer model also addresses the effects of the confinement on the
film dynamics, which strongly connects the nanoconfinement effect of the films to the
existence of the surface mobile layer and its contribution to the whole film dynamics.
6.2 Mechanism of the dynamics for entangled films
For the entangled films, the two layer expressions, which continue to assume a surface
mobile layer and an inner bulk-like layer, can fit the viscosity data. However, it is
found that during the attempt to fully apply the two layer model to the much confined
(h < R⊥) entangled films, unphysically large stretching in the molecule chain will be
inferred, indicating the invalidity of full applicability of the two layer model in the
entangled films. Therefore, a mechanism which differs from the two layer model
must be operative for the high molecular weight films. Specifically, when the film
thickness is thin enough, the polymer chains will form loops in the film, and adjacent
loops are not dynamically coupled. Further increase in the molecular weight will not
affect the film dynamics but only increase the number of loops. One evidence is that
the viscosity eventually becomes independent of molecular weight for a given film
thickness. Another evidence is that the dynamical activation energy of the thin films
initially increase with increasing molecular weights, but reaches a plateau for the
high molecular weight region. Additionally, we have compared the films deposited
on hydrogen-passivated silicon and silica, we found that bigger polymer-substrate
friction has caused an increase in viscosity, as predicted by this model. Furthermore,
we modify the inter-chain friction of the films by doping a small amount of plasticizer
(4 weight % of Dioctyl phthalate (DOP)). We found that after Mw >∼ 60 kg/mol,
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the influence of the surface layer on the whole film dynamics gradually diminished.
It suggests a new mechanism operates for the high molecular weight films.
6.3 Future work
While we gain new understandings in the nanoconfined polymer thin films, studies
in this thesis show that there is still much to learn about the dynamics of polymer
thin films. Ongoing work starts with the study of stacking of free standing films onto
supported films, this way the combined film has the conformation different from the
directly spin-cast film of the same thickness, by studying those stacked film it may
possibly reveal more information about the entangled film dynamics. Currently, there
are researchers doing simulation on the movement of the molecule chains in the film,
the progress of those work, will shed light to our experimental results and provide
knowledge that have not be revealed by the experiments.
Bibliography
[1] M. Rubinstein, R. Colby. Polymer Physics. Oxford University Press, New York
(2003)
[2] M. Doi. Introduction to Polymer physics. Oxford University Press, New York
(1996)
[3] H. Zhao, Y. J. Wang and O. K. C. Tsui, Langmuir 21, 5817 (2005)
[4] O. K. C. Tsui, Y. J. Wang, H. Zhao, B. Du. European Physical Journal E 12, 417
(2003)
[5] P.-G. De Gennes. European Physical Journal E 2, 201 (2000)
[6] F. Brochard, P. G. de Gennes. Langmuir 8, 3033 (1992)
[7] Y. J. Wang and O. K. C. Tsui. langmuir 22, 1959 (2006)
[8] C. L. Jackson, G. B. McKenna. Journal of Non-Crystalline Solids 221, 131-133
(1991)
[9] J. L. Keddie, R. A. L. Jones, R. A. Cory. Faraday Discussions 98, 219 (1994)
[10] J. L. Keddie, R. A. L. Jones, R. A. Cory. Europhysics Letters 27, 59 (1994)
[11] W. E. Wallace, J.H. van Zanten, W. L. Wu. Physical Review E 52, R3329 (1995)
[12] J. H. van Zanten, W. E. Wallace, W. L. Wu. Physical Review E 53, R2053 (1996)
81
82
[13] Y. Grohens, M. Brogly, C. Labbe, D. Marie-Odile, J. Schultz. Langmuir 14, 2929
(1998)
[14] G. B. DeMaggio, W. E. Frieze, D. W. Gidley, M. Zhu, H. A. Hristov, A. F. Yee.
Physical Review Letters 78, 1524 (1997)
[15] J. A. Torres, P. F. Nealey, J. J. de Pablo. Physical Review Letters 85, 3221
(2000)
[16] T. Koga, N. Jiang, P. Gin, M. K. Endoh, S. Narayanan, L. B. Lurio, S. K. Sinha.
Physical Review Letters 107, 225901 (2011)
[17] O. K. C. Tsui, H. F. Zhang. Macromolecules 34, 9139 (2001)
[18] A. M. Mayes. Macromolecules 27, 3114 (1994)
[19] H. Brown, T. P. Russell. Macromolecules 29, 798 (1996)
[20] C. J. Ellison, M. Torkelson. Nature Materials 2, 695 (2003)
[21] S. Peter, H. Meyer, J. Baschnagel, R. Seemann. Journal of Physics: Condensed
Matter 19 205119 (2007)
[22] F. Varnik, J. Baschnagel, K. Binder. Physical Review E 65, 021507 (2002)
[23] D. Long, F. Lequeux. European Physical Journal E 4, 371 (2001)
[24] S. Herminghaus, K. Jacobs, R. Seemann. European Physical Journal E 5, 531
(2001)
[25] S. Herminghaus. European Physical Journal E 8, 237, discussion 245 (2002)
[26] J. Brandrup, E. H. Immergut, E. A. Grulke. Polymer Handbook A Wiley-
Interscience Publication (1999)
83
[27] M. Doi, S. F. Edwards. The Theory of Polymer Dynamics Oxford Science Pub-
lications (1999)
[28] T. G. Fox, P. J. Flory. The Journal of Physical and Colloid Chemistry 55, 221
(1951)
[29] G. C. Berry, T. G. Fox. Advances in Polymer Science 5, 261 (1968)
[30] A. K. Doolittle. Journal of Applied Physics 22, 1247 (1951)
[31] S. Ge, Y. Pu, W. Zhang, M. Rafailovich, J. Sokolov. Physical Review Letters 85,
2340 (2000)
[32] O. Kahle, U. Wielsch, H. Metzner, J. Bauer, C. Uhlig, C. Zawatzki, Thin Solid
Films 803, 313-314 (1998)
[33] W. Kauzmann. Chemical Review 43, 219 (1948)
[34] F. H. Stillinger. The Journal of Chemical Physics 88, 7818 (1988)
[35] P. G. Debenedetti, F. H. Stillinger. Nature 410, 259 (2001)
[36] M. D. Ediger, C. A. Angell, Sidney R. Nagel. The Journal of Physical Chemistry
100, 13200 (1996)
[37] F. Xie, H. F. Zhang, F. K. Lee, B. Du, O. K. C. Tsui, Y. Yokoe, K. Tanaka, A.
Takahara, T. Kajiyama, T. He. Macromolecules 35, 1491 (2002)
[38] J. S. Sharp, J. A. Forrest. Physical Review Letters 91, 235701 (2003)
[39] D. S. Fryer, R. D. Peters, E. J. Kim, J. E. Tomaszewski, J. J. de Pablo, P. F.
Nealey, C. C. White, W. Wu. Macromolecules 34, 562 (2001)
[40] O. K. C. Tsui, Y. J. Wang, F. K. Lee, C.-H. Lam, Z. Yang. Macromolecules 41,
1465 (2008)
84
[41] K. Norrman, A. Ghanbari-Siahkali, N. B. Larsen. Annual Reports on the
Progress of Chemistry Section C 101, 174 (2005)
[42] C. J. Lawrence. Physics of Fluids 31, 2786 (1988)
[43] J. A. Forrest, K. Dalnoki-Veress, J. R. Stevens, J. R. Dutcher. Physical Review
Letters 77, 2002 (1996)
[44] H. Teng, R. N. Li, H. Huang, O. K. C. Tsui, C. -H. Lam. Langmuir 29, 4283-4289
(2013)
[45] H. G. Tompkins, E. A. Irene, Handbook of Ellipsometry William Andrew, Nor-
wich, New York (2005)
[46] Y. Fujii, Z. H. Yang, J. Leach, H. Atarashi, K. Tanaka, O. K. C. Tsui. Macro-
molecules 42, 7418 (2009)
[47] Y. J. Wang, O. K. C. Tsui. Journal of Non-Crystalline Solids 352, 4977 (2006)
[48] Z. H. Yang, C. H. Lam, E. DiMasi, N. Bouet, J. Jordan-Sweet, O. K. C. Tsui.
Applied Physics Letters 94, 251906 (2009)
[49] J. Israelachvili. Intermolecular and Surface Forces London; San Diego :Academic
Press (1992)
[50] M. C. Gupta, J. Nambiar. Colloid and Polymer Science 261, Issue 9, 709-716
(1983)
[51] Z. Yang, Y. Fujii, F. K. Lee, C. H. Lam, O. K. C. Tsui. Science 328, 1676-1679
(2010)
[52] A. Vrij, J. T. G. Overbeek. Journal of the American Chemical Society 90, 3074
(1968)
85
[53] Y. J. Wang, C. H. Lam, X. Zhang. European Physical Journal Special Topics
141, 181 (2007)
[54] J.-C. Majeste, J.-P. Montfort, A. Allal, G. Marin. Rheologica Acta 37, 486 (1998)
[55] C. A. Angell, K. L. Ngai, G. B. McKenna, P. F. McMillan, S. W. Martin. Journal
of applied physics 88, 3113 (2000)
[56] Z. Yang, D. Peng, A. Clough, C. -H. Lam, O. K. C. Tsui. European Physical
Journal Special Topics 189, 155-164 (2010)
[57] S. A. Safran, J. Klein. Journal of Physics France 3, 749-757 (1993)
[58] J. Baschnagel, F. Varnik. Journal of Physics: Condensed Matter 17, R851-R953
(2005)
[59] K. Fukao, Y. Miyamoto. Physical Review E 61, 1743-1754 (2000)
[60] Z. Yang, Y. Wang, L. Todorova, O. K. C. Tsui. Macromolecules 41, 8785-8788
(2008)
[61] G. H. Fredrickson, A. Ajdari, L. Leibler, J.-P. Carton. Macromolecules 25, 2882-
2889 (1992)
[62] D. Peng, Z. Yang, O. K. C. Tsui. Macromolecules 44, 7460-7464 (2011)
[63] D. Barbero, U. Steiner. Physical Review Letters 102, 248303 (2009)
[64] Z. Yang, A. Clough, C. -H. Lam, O. K. C. Tsui. Macromolecules 44, 8294-8300
(2011)
[65] R. Casalini, K. L. Ngai, C. G. Robertson, C. M. Roland. Journal of Polymer
Science Part B: Polymer Physics 38, 1841-1847 (2000)
[66] C. J. Ellison, R. L. Ruszkowski, N. J. Fredin, J. M. Torkelson. Physical Review
Letters 92, 095702 (2004)
86
[67] E. Hempel, G. Hempel, A. Hensel, C. Schick, E. Donth. Journal of Physical
Chemistry B 104, 2460 (2000)
[68] J. F. Hester, P. Banerjee, A. M. Mayes. Macromolecules 32, 1643-1650 (1999)
[69] A. Yethiraj1, S. Kumar, A. Hariharan, K. S. Schweizer. The Journal of Chemical
Physics 100, 4691 (1994)
[70] A. Hariharan, S. K. Kumar, T. P. Russell. Macromolecules 24, 4909-4917 (1991)
[71] R. A. L. Jones, L. J. Norton, E. J. Kramer, R. J. Composto, R. S. Stein, T. P.
Russell, A. Mansour, A. Karim, G. P. Felcher, M. H. Rafailovich, J. Sokolov, X.
Zhao, S. A. Schwarz. Europhysics Letters 12, 41 (1990)
[72] C. J. Ellison, S. D. Kim, D. B. Hall, J.M. Torkelson. European Physical Journal
E 8, 155 (2002)
[73] W. E. Wallace, W. J. H. van Zanten, W.-L. Wu. Physical Review E 52,
R3329âĂŞR3332 (1995)
[74] H. Brown, T. P. Russell. Macromolecules 29, 798 (1996)
[75] R. L. Jones, S. K. Kumar, D. L. Ho, R. M. Briber, T. P. Russell. Nature 400,
146 (1999)
[76] S. K. Kumar, M. Vacatello, D. Y. Yoon, The Journal of Chemical Physics 89,
5206-5215 (1988)
[77] D. N. Theordorou. Macromolecules 21, 1400-1410 (1988)
[78] I. Bitsanis, G. A ten Brinke. The Journal of Chemical Physics 99, 3100-3111
(1993)
[79] J. Kraus, P. MÃĳller-Buschbaum, T. Kuhlmann1, D. W. Schubert, M. Stamm.
Europhysics Letters 49, 210 (2000)
87
[80] D. Peng, R. N. Li, C.-H. Lam, O. K. C. Tsui. Chinese Journal of Polymer Science
31, 12-20 (2013)
[81] R. N. Li, F. Chen, C.-H. Lam, O. K. C. Tsui. Submitted in 2013
[82] M. Bachmann, W. Janke. Physical Review Letters 95, 058106 (2005)
[83] G. Adam, J. H. Gibbs. Journal of Chemical Physics 43, 139 (1965)
Curriculum Vitae
88
89
90
91
